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CHAPTER 1

Introduction

Polycrystalline thin films are used in virtually every manufacturing and technological area. For instance, their uses range from critical components in the microelectronics industry to hard coatings for wear resistance, corrosion resistance
and thermal barriers, to magnetic, optical and medical applications. Conventional polycrystalline materials used in engineering materials are usually composed of crystallites or grains with typical sizes in the micron range. In recent years, special attention has been paid to nanocrystalline materials, including
nanocrystalline thin films, which have been introduced as a new class of materials. Nanocrystalline materials are commonly defined as single- or multiphase
polycrystalline materials with grain sizes in the nanometer region (1–100 nm) in
at least one dimension [1–3].
As a direct consequence of the very small grains, a large volume fraction
of the atoms in a nanocrystalline material resides in grain boundaries or interphase boundaries, i.e. in defect environments. For instance, assuming a grain
boundary thickness of 0.5–1 nm, materials with an average grain diameter of
10 nm possess about 15–30% grain boundary atoms. Hence, a nanocrystalline material is far from being in thermodynamic equilibrium. Due to the small
grains and the corresponding large density of interfaces, nanocrystalline materials may exhibit unique properties fundamentally different from and often superior to those of the conventional coarse-grained polycrystalline materials, making nanocrystalline materials very interesting for industrial applications as well
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as fundamental scientific research. Some of the unique properties of nanocrystalline materials are “increased strength/hardness, enhanced diffusivity, improved
ductility/toughness, reduced density, reduced elastic modulus, higher electrical
resistivity, increased specific heat, higher coefficient of thermal expansion, lower
thermal conductivity, and superior soft magnetic properties” [4, 5].
Early investigations have clearly shown that one can engineer the properties
of nanocrystalline materials through control of microstructural features, e.g. the
grain size. As an example, control of the grain size is extremely important for
optimization of the mechanical properties. The restricted dislocation motion associated with fine grain sizes increases the hardness. This is described by the
empirical Hall-Petch relationship [6, 7], originally developed for conventional
coarse-grained polycrystalline materials. However, at sufficiently small grain
sizes (∼ 20 nm), the hardness exhibits a maximum value (often 4–5 times higher
than the hardness of the corresponding coarse-grained material), and then appears to decrease with further grain refinement. In this regime, dislocations are
hardly present in the fine grains, and the Hall-Petch relation is not applicable.
Instead other mechanisms, such as grain-boundary sliding and/or Coble creep,
apparently constitute the dominant deformation modes, resulting in a decreasing
hardness with smaller grain size [1, 5, 8]. In conventional polycrystalline materials, the toughness is generally reduced with increasing hardness. However, as
the grain boundaries can effectively impede crack propagation, it is possible to
improve both hardness and toughness by decreasing the grain size of the nanocrystalline materials [9].
Artificially multilayered coatings, composed of alternating layers with the
individual layer thicknesses in the nanometer range, represent another way of
creating materials with technologically very useful properties. For instance, due
to the high density of interfaces that restrict dislocation motion, multilayers may
exhibit large hardness enhancement as compared to the constituent materials,
which makes nanoscaled multilayers attractive for tribological applications. Recently, nanocrystalline multilayers composed of layers of a soft metal and a hard
nitride have exhibited promising mechanical properties. By sensitively controlling the structure and thickness of the individual layers, one can modify or tune
these properties for optimum performance [1].
Vital for the application of nanocrystalline materials is the ability to stabilize the nanostructure, i.e. to avoid grain growth and thereby deterioration of
the desirable material properties. The small grain sizes result in a large driving
force for grain growth, which because of the high density of grain boundaries
(fast diffusion paths) may occur at significantly lower temperatures (even at
room temperature) in single-phase nanocrystalline materials compared to their
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conventional coarser-grained polycrystalline counterparts. However, contrary to
expectations, the onset of grain growth in many nanocrystalline materials has
been observed at relatively high temperatures, which has been ascribed to specific structures and compositions of the grain boundaries [5]. Alternatively, one
way to suppress grain growth is to make two-phase nanocomposites and at the
same time benefit from the possibility to build in additional properties [10, 11].
Nanocrystalline materials are synthesized by many different techniques [3,
5, 8], including mechanical alloying/milling, inert gas condensation, and chemical and physical vapor deposition. Common to these techniques is the ability
to energize the material into a highly non-equilibrium state and later, by means
of quenching or related processes, to bring it into a lower metastable energy
state. Among the physical vapor deposition techniques, magnetron sputtering,
the method used to synthesize nanocrystalline thin films for the work presented
in this thesis, is generally found to be very suitable for the deposition of nanocrystalline thin films [12–14]. Furthermore, magnetron sputtering is one of the
dominant commercial methods for thin film fabrication.
The desired properties and performance of a nanocrystalline material are determined by structural features such as composition, crystallography, grain morphology, defects, etc. Since the structural parameters depend sensitively on the
conditions under which the material is synthesized, knowledge of the correlation
between the deposition parameters and the resulting nanostructure is immensely
important, in relation to the ability to design new materials with specific properties. This includes an understanding of the mechanism(s) controlling the evolution of the nanostructure, both during film growth and during post-deposition
processing. Hence, characterization of the nanostructure formation and evolution is essential in order to obtain such knowledge, which motivates the studies
presented in this thesis.
The work presented in this thesis comprises several studies, all having the
structural characterization of magnetron-sputtered nanocrystalline thin films in
common. The studies can be divided into two main subjects: 1) In-situ and exsitu studies of the structural evolution of nanocrystalline Au, Ag and Cu thin
films during growth and during subsequent heat treatments; 2) Characterization
of structure and mechanical properties of nanoscaled Cr2 Nx /Cu-multilayer films.
In-situ studies of nanocrystalline Au films were carried out in order to investigate the formation and evolution of the nanostructure in real time during
the non-epitaxial growth and during subsequent annealing treatments. Au was
chosen as a nanocrystalline model material (no oxidation). Driven by the experiences with the in-situ characterization of Au films, similar in-situ and ex-situ
experiments were performed on nanocrystalline Cu, Ag and Au thin films, with
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special attention to the influence of the substrate bias voltage on the structural
evolution and the thermal stability.
The aim of the work dealing with characterization of nanoscaled Cr2 Nx /Cu
multilayer films was to establish whether it is possible to form a nitride/metal
multilayer composed of alternating layers of hexagonal Cr2 N and Cu. Generally, chromium nitride exhibits relatively high hardness, and good oxidation and
wear resistance, and Cu provides ductility. As similar metal/nitride multilayer
systems have shown to give rise to a significant hardness enhancement (as compared to the constituent materials), while the metal phase provides significant
ductility, nanoscaled Cr2 Nx /Cu multilayers are a possible candidate for tribological applications. Accordingly, the mechanical properties were investigated.
The thesis consists of the following chapters:
Chapter 2. A description of the basic elements of thin film deposition by means
of DC magnetron sputtering, and some of the important processing parameters
is given.
Chapter 3. In this chapter some of the fundamental processes, through which
the micro- and nanostructure of a polycrystalline film may evolve, are discussed.
Chapter 4. The relevant theories and experimental set-ups for the main characterization techniques used throughout the present studies are described. This includes Rutherford backscattering spectrometry, various X-ray techniques, nanoindentation, transmission electron microscopy, and atomic force microscopy.
Chapter 5. In-situ synchrotron X-ray measurements of the temporal evolution
of the nanostructure of magnetron-sputtered Au films are presented. The nanostructural evolution was monitored during non-epitaxial growth and during subsequent thermal annealing at different temperatures. Activation energies for grain
growth, i.e. growth of the coherently diffracting domains, and for the process of
texture change are found.
Chapter 6. In-situ and ex-situ investigations into the influence of the substrate
bias voltage on the structural evolution and the thermal stability of magnetronsputtered nanocrystalline Cu, Ag and Au films are presented. The findings of the
different materials are compared.
Chapter 7. An experimental study of the synthesis and structural characterization of nanoscaled Cr2 Nx /Cu-multilayer thin films is presented. The mechanical
properties (hardness and elastic modulus) of multilayers deposited at various
temperatures and with various modulation periods are compared.
Chapter 8. This chapter contains a summary of the main results presented in
this thesis.
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CHAPTER 2

Deposition of thin films

A wide variety of methods exist to deposit thin films, where solutions, liquids,
vapors and solids can be used as deposition material sources. Physical vapor deposition (PVD) techniques are among the most common methods where physical
processes such as evaporation, sublimation or ionic impingement on a target facilitate the transfer of material atom by atom from one or more sources to the
surface of a growing film being deposited onto a substrate. In this work thin
solid films have been deposited by means of DC magnetron sputtering, which is
a special branch of the various PVD processes.
In magnetron sputtering the material to be deposited is bombarded with energetic ions extracted from a glow discharge (plasma). Through momentum transfer from the impinging ions to the material, atoms are being ejected or sputtered. These atoms pass through the discharge region and eventually deposit on
a substrate. Magnetron sputtering is currently and successfully used in many application areas, particularly in microelectronics and surface engineering, for the
production of films and coatings. Some of the advantages of the technique are
that it is simple and reliable, and capable of meeting the economic and functional
requirements in industrial productions. Further, the sputtering deposition process
operates under physical conditions which makes it possible to synthesize films
with new physical and functional properties, an example being the deposition of
nanocrystalline films [12–14].
In this chapter the basic elements of direct-current (DC) magnetron sputter-
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ing and some of the important deposition parameters are discussed. Magnetron
sputtering and thin-film processes in general are well-covered in several textbooks, for example in Refs [12, 15, 16].

2.1 DC Sputter deposition
A schematic drawing of a typical, simple DC sputtering system is shown in
Fig. 2.1. A target of the material to be deposited is located inside a vacuum
chamber where it is connected to the negative terminal of a DC power supply.
Facing the cathode/target is the substrate, which may be electrically floating,
grounded or biased. An inert working gas, typically Ar, is introduced and serves
as the medium in which an electrical glow discharge is initiated and sustained.
Imposed by the electric field, ions of the working gas, Ar+ , accelerate at high
energy towards the target material, causing sputtering of target atoms upon impact with the cathode. The sputtered atoms transit through the discharge and
condense onto the substrate, thus providing film growth.
When the DC voltage is first applied to the electrodes, a small number of
charge carriers initially present in the working gas create a small current. Due to
inelastic collisions in the gas more electron-ion pairs are created, and the current
density increases. The Ar+ ions bombard the cathode surface, resulting in the
generation of secondary electrons from the cathode surface (and sputtering of
target atoms). The secondary electrons are accelerated away from the cathode
and increase the ionization of the gas via inelastic collisions. This charge multiplication causes the current to increase rapidly. When the applied voltage is
so high that the number of Ar+ ions produced by collisions with one secondary
electron are sufficiently high to regenerate another secondary electron, the discharge becomes self-sustaining and starts to glow. The light emitted from the
discharge is due to excitation of gas atoms. The degree of ionization in a typical
self-sustaining DC glow discharge or plasma is ∼ 10−4 .
The secondary-electron emission coefficient, i.e. the number of secondary
electrons emitted at the cathode per incident ion, is about 0.1 for most metals
when bombarded with ∼ 100 eV Ar+ [16]. Thus, in order to sustain the plasma
the probability of collisions between electrons and neutral gas atoms has to be
sufficiently high. If the gas pressure is too low, the collision probability is small
due to a large electron mean free path, which causes loss of electrons to the
chamber walls, and the number of ionized gas atoms to be inadequate. On the
other hand, at too high pressures frequent collisions prevent the electrons from
acquiring sufficient energy to ionize gas atoms, which will eventually quench
the discharge. This means that at either extreme the ion-generation rates are low

2.1. DC Sputter deposition

Figure 2.1: Schematic of a simple sputtering
system.
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Figure 2.2: Schematic voltage distribution
across a DC glow discharge. (Not to scale).

and very high voltages are required to sustain the plasma. An optimum pressure
range, typically around 1–10 Pa, exists for simple DC sputtering systems, where
a self-sustained glow discharge can be created at reasonable voltages, usually
200–1000 V [12].
Some characteristics of the plasma are important in order to understand the
flux of bombarding particles hitting the growing film, which is one of the key
parameters in controlling and explaining the structure of the deposited film. One
of the plasma characteristics is due to the excess of positive Ar+ ions in the
space close to the cathode, caused by the attraction (repulsion) of the ions (electrons). Actually, any isolated surface within the plasma charges negatively initially because the electron flux will be higher than the Ar+ ion flux. This is a
consequence of the disparity in mass and hence mobility between electrons and
ions. The surface continues to charge negatively until the electron flux equals
the ion flux. When the fluxes equal, a net positive space charge exists in close
proximity to the surface, and the surface will be at a potential slightly lower than
the plasma. This is known as the plasma potential, Vp ∼ 20 V. In between the
surfaces, in the “bulk” plasma, the plasma has almost zero net charge. The excess of positive ions adjacent to a surface is considerably increased when a large
external negative potential is applied, as is the case at the cathode. Solving Poisson’s equation, ∇2V = −ρ /ε0 , where V is the electrical potential, ρ is the charge
distribution, and ε0 is the vacuum permittivity, for the charge distribution qualitatively described above, the voltage distribution across the DC glow discharge
is found, see Fig. 2.2. The electric fields (E = −∇V ) are restricted to the areas
close to the electrodes, the so-called sheath regions. Almost the entire potential
difference, V0 , between the electrodes is confined to the cathode sheath, which is
typically in the order of a few millimeters wide [12]. The Ar+ ions are acceler-
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ated through this sheath, gaining a maximum kinetic energy of e(V0 + Vp ), and
create secondary electrons and sputtering of target atoms upon impact with the
target/cathode.

2.1.1 Sputtering phenomena
When the Ar+ ions bombard the target, the process of main interest to the thinfilm deposition is the sputtering process, i.e. the ejection of surface atoms from
the target. The sputtering is a consequence of momentum transfer from Ar+
ions to the target atoms through a collision cascade in the near-surface region of
the target (about the top 10 Å). The average number of atoms sputtered, mostly
neutral atoms, per incoming Ar+ ion, is given by the the sputter yield S. Assuming the kinetic energy of the incident Ar+ ions to be Eion < 1 keV, a theoretical
expression due to Sigmund [17] of the sputter yield of amorphous and polycrystalline targets is
3α 4Mion Mtarget Eion
,
(2.1)
S= 2
4π (Mion + Mtarget )2 Usub
M

where Usub is the heat of sublimation of the target material, and α ( Mtarget
) asion
sumes values between 0.2 and 1.4 depending on the target-to-ion mass ratio.
Thus, from Eq. (2.1) it is seen that the sputter yield is proportional to the ion energy, and that it is inversely proportional to the sublimation energy of the target
material. Some relevant examples of experimentally determined sputter yields of
targets sputtered with 300-eV Ar+ are: SAu = 1.65, SAg = 2.20, SCu = 1.59, and
SCr = 0.87 [18]. Generally, the sputter yield of compound materials, e.g. nitrides
and oxides, are lower than the sputter yield of the constituting pure metals, due
to the usually higher sublimation energy of the compound materials [15].
Of great importance to the physics of sputter-deposited films is the energy
distribution of the sputtered neutral target atoms. The energy distribution is described by [19]
ESB Esput
f (Esput ) ∝
,
(2.2)
(ESB + Esput )3
where Esput is the energy of the sputtered particle, and ESB is the surface binding energy of the target atoms. When Esput is large compared to ESB , f (Esput )
2 . Notice, that the energy distribution does not depend sigdecreases as 1/Esput
nificantly on the energy of the incident ions. The maximum in this distribution
occurs when Esput = 0.5ESB , which for most metals is about 0.5–2 eV. Thus, if
the mean free path of the sputtered atoms is sufficiently large to avoid collisions,
the majority of sputtered atoms reach the substrate with kinetic energies in the

2.1. DC Sputter deposition
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range of 1–20 eV. However, due to the high-energy tail of the energy distribution,
target atoms with even higher energy also impinge on the substrate.
In addition to the sputtered target atoms, the growing sample is also hit by
backscattered neutral working-gas atoms, which are important due to their relatively high kinetic energy. When the gas ions hit the target, some may become
neutralized and reflected due to binary collision with target atoms. The energy
of these backscattered neutrals (if scattered through 180◦ ) is given by [20]
µ
Eneutral = Eion

Mion − Mtarget
Mion + Mtarget

¶2
,

(2.3)

where Mion , Eion and Mtarget are the mass and energy of the incident gas ion
and mass of the target atom, respectively. For the target materials used in this
thesis, bombarded with 400-eV Ar+ , Eq. (2.3) yields backscattered energies of
176 eV (Au), 84 eV (Ag), 21 eV (Cu) and 7 eV (Cr). Some of these neutrals may
reach the growing film with an energy equal to their reflected value minus the
energy lost in collisions with the working gas. However, due to the broad energy
distribution of the impinging Ar+ ions, the energy distribution of backscattered
neutrals will also be rather broad and the average energy is typically 10–40 eV
[21]. Therefore, the calculated values using Eq. (2.3) should be considered as
extreme values. Winters et al. [22] calculated the ratio of the energy carried away
from the target by reflected neutrals to that carried away by sputtered particles
versus the incident ion kinetic energy. They found that this ratio increases with
the mass of the target atoms, and that it ranges from about 0.5 (Cu) up to 3 (Au)
for incident 500-eV Ar+ . Hence, a substantial fraction of the energy delivered to
the substrate may originate from reflected neutrals.
In conclusion, the sputtered atoms and reflected neutrals are far more energetic than for example evaporated atoms (∼ 0.1 eV). As a consequence, the
atoms impinging on the substrate using sputter deposition are relatively more
energetic, and hence the adatom mobility is higher. The atomic scale heating
stimulates highly non-equilibrium processes1 , which can have a dramatic effect
on the deposited film microstructure and make it possible to sputter deposit films
with physical properties not obtainable by equilibrium processes such as evaporation.
Application of bias sputtering is a very simple manner to broadly influence
and modify the structure and properties of the growing film [23]. By applying a negative bias voltage to the substrate (anode), typically in the range −50
to −300 V, the potential profile depicted in Fig. 2.2 is modified and a larger
1 Cooling

rates of up to 1014 K/s due to the transfer of energy at an atomic level have been
reported for sputter deposition processes [13].
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voltage drop exists in the vicinity of the anode (anode sheath). The negative
substrate bias causes positive ions to be extracted from the plasma and to accelerate towards the substrate, thereby bombarding the growing film. In this
manner, the average energy of particles impinging on the substrate surface can
be substantially increased. The bombarding ions transfer energy and momentum to the atoms on the film surface, promoting atomic scale heating and hence
higher adatom mobility. This may boost the formation of metastable and unstable materials, as mentioned above. However, the substrate itself now acts as a
sputtering target, which may cause resputtering of already deposited material.
Additionally, if the ion energy is sufficiently high, ions may be implanted and/or
induce defects in the crystal lattice. As indicated, ion bombardment induced
by an applied substrate bias may cause great modifications of the growing film,
for example by affecting the grain sizes, grain orientations, defect and impurity
concentrations, stress, adhesion, and topography of the film surface. Applying
a positive substrate bias causes the substrate to be exposed to an electron flux,
which typically leads to a substrate heating effect. Hence, electron bombardment
may also be used as a tool for structure modifications of the growing film.
Reactive sputtering is a commonly used process to synthesize compound thin
films. By simply adding a gas (e.g. N2 , O2 , CH4 ) that reacts with the sputtered
material from an elemental or alloy target, it is possible to form a wide variety
of useful compounds, i.e. nitrides, oxides, carbides or combinations of these.
Apparently this seems very simple. However, the reaction mechanisms between
the sputtered material and the reactive gas may cause some instability problems,
since a reasonable high deposition rate combined with a true compound stoichiometry of the deposited film may appear as contradicting desires [24]. The
reason for this is that, besides forming a compound film on the substrate, compound formation also tends to take place at the surface of the sputtering target
(target poisoning). Since the sputter yield of the compound is normally significantly lower than the sputter yield of the elemental target, the deposition rate
tends to decrease as more reactive gas is supplied. The relationship between the
film composition and supply of reactive gas, as well as the relationship between
the deposition rate and the supply of reactive gas, are very non-linear. The effect arises in consequence of two competitive processes: the sputtering of the
target surface and the covering of its surface by reaction products. Hence, the
reactive sputtering process is generally divided into three modes depending on
the amount of reactive gas supplied to the system (for a fixed ion flux impinging
on the target): metallic, transition and reactive. In metallic mode, the supply of
reactive gas is so low that all reactive gas is gettered by the sputtered metal and
the target stays metallic on the surface. This mode is characterized by a high
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deposition rate, but may give rise to an understoichiometric composition of the
deposited film. In reactive mode, the partial pressure of the reactive gas is so
high that compound formation on the target surface happens faster than material
is sputtered away, causing the target to be contaminated. This mode typically
allows for stoichiometric composition of the film, but at a relatively low deposition rate. The transition from metallic to reactive mode exhibits hysteresis, i.e.
the reactive-gas partial pressure required to pass from metallic to reactive mode
is higher than the partial pressure for the inverse transition. Thus, finding the
optimum processing parameters using reactive sputtering can be a challenging
task. Very recent reviews on aspects of reactive sputtering and modeling of the
process can be found in Refs [24, 25].

2.1.2 DC magnetron sputtering
Magnetron sputtering is probably the most widely used variant of DC sputtering. Some of the advantages of magnetron sputtering is one or two orders of
magnitude higher ion current (i.e. higher deposition rates) and reduced operating pressure (i.e. higher energy of deposited atoms) compared to simple DC
sputtering described so far [12].

Figure 2.3: Schematic drawing of a magnetron configuration.

In DC magnetron sputtering, permanent magnets are arranged in an appropriate configuration behind the target plate as shown in Fig. 2.3. The magnetic field
lines penetrate the target and form a closed path on its front surface. The parallel component of the magnetic field strength with respect to the target surface
is typically a few hundred gauss measured on the target front surface. Electrons
launched slightly off the target normal will initially execute a helical motion
along the magnetic field emanating normal to the target. Encountering the re-
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gion of the parallel component of the magnetic field, also denoted the magnetron
component, the electrons are forced to drift in an orbit back to the target. By solving the equations of motion for the electrons one finds that the electrons follow
cycloidal trajectories near the target along the space confined by the magnetic
field lines. Thus, in the presence of the magnetic field, the secondary electrons
make more ionizing collisions close to the target and thereby increase the flux of
bombarding ions (i.e. higher ion current), resulting in a higher deposition rate.
The magnetron current-voltage characteristic is usually I ∝ V n with n close to 10
(without the magnetic field n ∼ 1) [26]. The significantly increased ionization
efficiency makes it possible to reduce the operating pressure and still maintain a
stable discharge and a reasonable high ion current. Typical magnetron-sputtering
pressures are 10−2 –1 Pa, which result in a mean free path of the sputtered atoms
in the range of 1–100 cm. Thus, compared to simple DC sputtering, the sputtered atoms collide less with the gas atoms, whereby the loss of sputtered atoms
to the chamber walls is lowered (increasing the deposition rate). Furthermore,
the sputtered atoms preserve most of their initial kinetic energy before hitting the
substrate, which is of great importance to the resulting film microstructure. Besides the increased plasma density and a lower operating pressure, the magnetic
field also prevents electrons emitted at the target from bombarding the substrate,
thereby limiting high substrate heating effects.
Generally, the deposition rate in a magnetron-deposition system is proportional to the DC power dissipated in the magnetron. The significantly increased
deposition rate attainable by magnetron sputtering (compared to simple DC sputtering) is often very desirable. For example, the impurity level in the deposited
samples is lower (at a given background pressure) due to a higher flux of target
atoms with respect to impurity atoms onto the substrate. Further, a high deposition rate makes magnetron sputtering attractive for industrial applications.
However, a drawback of magnetron sputtering is the creation of a erosion crater
on the target, denoted the “race track”, where the density of secondary electrons
is highest due to the confinement by the magnetic field. This irregular erosion
results in a typical target-material utilization of only 20–30%. Recently, target
utilizations of about 50% have been achieved by optimizing the shape of the
magnetic field by use of profiled magnets, see for instance Ref. [27].
As mentioned above, magnetron sputtering benefits from electron and plasma
confinement close to the cathode. But too much confinement may be undesirable
if insufficient plasma is dispersed into the direction of the anode/substrate to promote ion bombardment for a desired modification of the growing film. A solution to this problem is to alter the magnet configuration so that, for example, the
center magnet is a little weaker than the outer ones. This is an unbalanced mag-
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netron configuration, characterized by not all the field lines being closed between
the central and outer poles (contrary to the balanced setup sketched in Fig. 2.3),
allowing some field lines to be directed towards the substrate. The unbalanced
magnetron configuration enables some of the secondary electrons to follow these
field lines, and the plasma is no longer strongly confined to the target region, but
is also allowed to flow out towards the substrate. Thus, in addition to providing a
high flux of sputtered atoms from the target, an unbalanced magnetron also acts
as an effective ion source for substrate bombardment [28].

2.2 Experimental
Throughout the studies presented in this thesis, thin films have been deposited
by means of DC magnetron sputtering carried out using three different deposition chambers. One has been used exclusively during the in-situ experiments
performed at the synchrotron in Grenoble, and the other two have been used for
ex-situ experiments at the Department of Physics and Astronomy, Aarhus. With
few exceptions, primarily related to the actual design of the vacuum chambers,
the three setups are very similar, i.e. exactly the same magnetrons are used, identical target-substrate distance and sample-holder design etc. In the following, the
experimental details of the sputter-deposition chambers will be given.

2.2.1 In-situ sputter deposition chamber
Nanocrystalline Au, Ag and Cu films were synthesized by DC magnetron sputtering in a growth chamber designed especially for in-situ X-ray studies of film
growth by means of synchrotron radiation. A drawing of the in-situ deposition
chamber is shown in Fig. 2.4, and a cross section of the interior center plane
is displayed in Fig. 2.5. Details can be found in Ref. [29]. The chamber, with
an outer diameter of approximately 35 cm, is provided with Kapton windows
(thickness 125 µ m) for X-ray diffraction and reflection measurements. The windows are water-cooled to reduce influence of higher temperatures arising during
the deposition process. Additionally, 1-µ m aluminium foils are mounted on the
inner side of the windows in order to protect the Kapton windows from thermal
radiation and contamination by sputtered material. Two cylindrical unbalanced
magnetrons (from AJA International [30]), each equipped with a one-inch target,
are placed on top of the chamber at a distance of 100 mm from the substrate and
tilted 30◦ away from the substrate normal. Chimneys are mounted on the magnetrons to avoid cross contamination of the two targets. Air-pressure-controlled
shutters are placed between targets and substrate enabling sputter cleaning of

CHAPTER 2 - Deposition of thin films

14

1

1

7

2

2b

3

5

2a

3

6
5

4

Figure 2.4: Perspective view of the in-situ
sputter deposition chamber: (1) magnetrons;
(2) water-cooled X-ray windows; (3) throttle
valves and turbomolecular pumps; (4) z-drive
for substrate height alignment; (5) electrical
feedthroughs for heater, bias voltage and thermocouple; (6) liquid nitrogen trap; (7) additional gas inlets. From [29].
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Figure 2.5: Cross section with interior view
of the in-situ sputter deposition chamber: (1)
magnetrons with shutters; (2a) entrance window for the incoming beam; (2b) exit windows
for the diffracted beams; (3) substrate carrier
with heater and bias voltage; (4) tube to the zdrive; (5) window protection foils; (6) copper
fork from liquid nitrogen trap. From [29].

the targets. The power supply for the magnetrons operates in a power-controlled
mode, that is, the magnetron current and voltage are automatically adjusted to a
predetermined power. Notice that only one magnetron at a time was used during
the in-situ experiments presented in this thesis.
The chamber is equipped with two turbomolecular pumps (nominally 50 l/s
each) by means of which a base pressure of ≈ 5·10−4 Pa was obtained. By
use of a liquid nitrogen trap the base pressure was further improved to ≈ 5·
10−5 Pa. Argon (99.9996%) was used as the sputter gas, and is let into the
chamber just in front of the cathode (target) of the magnetron. The constant flow
rate is controlled by a mass-flow-control unit, allowing flow rates in the range of
0–20 sccm. At a given gas flow rate, the gas pressure was manually adjusted by
throttling the valves on the low-pressure side of the turbomolecular pumps. The
typical gas pressure during sputtering was about 0.5 Pa.
Generally, the substrates used were Si(001) wafers (15×15 mm2 ) with a ther-
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Figure 2.6: Photo of the in-situ deposition chamber mounted into the six-circle diffractometer of
the Rossendorf beam line [31] at the European Synchrotron Radiation Facility (ESRF).

mally grown amorphous SiO2 layer on top (∼ 100 nm) to prevent any substrate
contribution to texture development and any in-diffusion of deposited material.
The substrate is spring-loaded onto a stainless steel carrier containing a resistive heater (tantalum wire) by means of which the substrate temperature can be
varied from room temperature up to 650◦ C. In some experiments, a silicone
heat-transfer paste was applied to the back of the substrate to ensure improved
thermal contact between substrate and sample holder. The substrate/deposition
temperature is measured with a chromel-alumel thermocouple located just next
to the substrate. Additionally, a wire connection to the substrate carrier (and one
of the spring loads) enables a negative bias voltage to be applied to the substrate
(0–300 V), i.e. the incident flux and energy of charged species onto the growing
film can be varied. Placed on a boron-nitride block, the sample carrier is electrically isolated from the surroundings and placed on a tube whereby the sample
height can be aligned relative to the incoming synchrotron-radiation beam.

2.2.2 Ex-situ sputter deposition chambers
As mentioned previously, the ex-situ deposition chambers are with a few exceptions identical to the in-situ chamber design described above. The differences are
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Figure 2.7: Photo of the discharge of the dual-magnetron setup in the two-magnetron ex-situ
chamber. Additionally, the substrate holder with the resistive heater is seen.

limited to the actual steel-container design and the vacuum pumps used. Everything regarding the substrate holder design, target-substrate distance, magnetrons
used and gas-flow control are identical.
Two-magnetron ex-situ chamber
The “two-magnetron ex-situ chamber” was used for the reactive deposition of the
CrNx /Cu-multilayer films, and also for several experiments regarding deposition
of monolithic nanocrystalline metal films. The two-magnetron ex-situ chamber
differs from the in-situ chamber by having a somewhat larger volume. A turbomolecular pump (250 l/s) is used to evacuate the chamber, by means of which a
base pressure ≤ 3 · 10−5 Pa could be obtained. A view into the chamber is seen
in Fig. 2.7, showing the two magnetrons, the glow discharge and the substrate
holder. In order to perform reactive sputtering, a reactive gas can be supplied in
addition to the inert working gas. The reactive gas may be let into the chamber
either just in front of the cathode or near the substrate surface.
One-magnetron ex-situ chamber
The “one-magnetron ex-situ chamber” was used for the deposition of various
monolithic nanocrystalline metal films. The single magnetron mounted on this
chamber is placed parallel to the substrate normal with a target-substrate distance
of 100 mm. The base pressure was better than 5·10−5 Pa, obtained by means of
an oil-diffusion pump (400 l/s). A liquid-nitrogen cooled cold trap is mounted
in between the diffusion pump and the chamber to prevent backstreaming of oil
vapor into the chamber.
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CHAPTER 3

Microstructural evolution in thin films

As mentioned in the introduction, knowledge and understanding of the mechanism(s) determining the microstructural evolution of a polycrystalline film are
required in order to control and tailor the properties and performance of the film.
In this chapter, some of the fundamental processes, through which the micro- and
nanostructure of a polycrystalline film may evolve during deposition and during
post-deposition processing, will be discussed. The discussion is largely descriptive and is primarily based on Refs [12,32–35], where a more thorough treatment
of the subject can be found. Finally, the relationship between important deposition parameters and film microstructure is described in terms of structure zone
models.
In general, a polycrystalline film is composed of grains or crystallites with
a certain size distribution, each grain having a specific crystallographic orientation relative to a fixed reference direction, which is usually the surface normal
of the film. If the orientation distribution is not random, the film has what is
referred to as crystallographic texture, i.e. the grains tend to have specific crystallographic directions normal to the plane of the film. Some degree of texture
is very common in thin films, where for example fcc metals often exhibit sharp
(111) texture. In a polycrystalline film, a variety of interfaces are present, for
example the interfaces between individual grains (grain boundaries), the filmsubstrate interface and the free surface of the film. In addition, multi-phased
materials contain interphase interfaces. The interfaces are all characterized by
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some degree of disorder in the atomic arrangement, which causes the free energy
of interfacial atoms to rise. This excess free energy is the origin of the interface
energy, γ . The total Gibbs free energy of a polycrystalline material can hereby be
written as G = G0 + ∑i Ai γi , where Ai and γi are the interface areas and the corresponding interface energies, respectively, of individual interfaces, and G0 is the
total free energy, assuming all material in the system has bulk properties. Notice,
since grain boundaries increase the free energy of a material, a polycrystalline
material (and especially a nanocrystalline material!) is never a true equilibrium
structure. In addition to interfacial energies also strain energies must be considered in the total Gibbs free energy. Strain energies are associated with different
types of lattice defects, i.e. dislocations, vacancies etc. or induced by externally
applied stress, for instance thermal stress caused by different thermal expansion
coefficients of film and substrate material. To complete the expression for the
total free energy stated earlier, one must add the different excess strain-energy
contributions, GS j . A generalized expression for the total Gibbs free energy of
the material can now be expressed as
G = G0 + ∑ Ai γi + ∑ GS j .
i

(3.1)

j

Neglecting kinetic considerations, the minimization of the total free energy via
minimization of the various energy contributions determines the structural evolution of a polycrystalline material, e.g. the evolution of grain sizes, size distribution and distribution of grain orientations. The condition for the material to
be in metastable equilibrium is ∑ Ai γi + ∑ GS j = minimum. The free-energy difference between two configurations of the material gives rise to a driving force
for a transformation from one state to another. Whether the transformation actually proceeds or not is a matter of kinetics, i.e. if there is sufficient energy
and mobility in the system to overcome the activation-energy barrier(s) for the
process.

3.1

Kinetic processes

During deposition of a polycrystalline film, several fundamental kinetic processes exist through which the micro- or nanostructure evolves. Often these
processes are classified as (Fig. 3.1) [34–36]:
• Nucleation and growth of isolated islands
• Island impingement and coalescence
• Development of a continuous structure and film growth (thickening)
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Figure 3.1: Overview of possible grain structure evolution during deposition of polycrystalline
thin film. Island formation and growth leads to impingement of islands to form grain boundaries.
The development of grain structure during subsequent film growth is determined largely by surface
mobility of adatoms relative to the deposition rate, and by the substrate temperature relative to the
melting temperature of the film material. From [34].

In addition, the structure may also develop during post-deposition processing, for
example due to thermal annealing, where grain growth, recrystallization, defect
annihilation etc. are possible structure-developing processes. The way the film
structure evolves during the various processes is of course very dependent on the
exact processing conditions: choice of materials, deposition rate, deposition and
annealing temperatures, ion bombardment etc. Each of these processing conditions affects the diffusivity and mobility in the evolving thin film. Generally,
the diffusivity scales with the melting temperature Tm of the material, for which
reason the homologous temperature T /Tm is a better indicator of diffusivity than
the absolute deposition or annealing temperature T . Furthermore, if the growing
film is exposed to energetic particle bombardment, as is the case in bias-sputter
deposition, additional mobility is supplied to the surface atoms.

20

CHAPTER 3 - Microstructural evolution in thin films

3.1.1 Nucleation and growth
As the deposition is carried out, atoms arrive at the substrate surface where some
adsorb. Nucleation occurs when stable clusters of adatoms form, which can
then continue to grow into islands. The nucleation rate and rate of growth of
islands are highly dependent upon several processing parameters, i.e. the deposition rate, substrate temperature, and energy of particles impinging on the substrate. For instance, it is generally found that the nucleation rate increases with
higher deposition rate and decreases with increasing temperature [12]. In the
case of nanocrystalline film deposition, a high nucleation rate is often desirable
since it promotes a fine-grained structure.
Once the islands are sufficiently large to define the crystallography of the
nucleating phase, specific crystallographic orientations will minimize surface
and interface energies. (Interfacial energies are a strong function of the crystallographic orientation of the constituents making up the interface, in this case
the substrate and the island.) Since the nucleation rate and island growth rate
are higher for clusters satisfying energy-minimization conditions, orientationselective nucleation and subsequent island growth can occur, which may play an
important role in determining the resulting film structure [34]. Consider, as an
example, the case of fcc metal films deposited on an amorphous substrate such
as oxidized Si1 . The free surface energy of the film, as well as the energy of the
film-substrate interface are minimized when the grains or islands are oriented
with a (111) crystallographic plane being parallel to the substrate [37]. Thermodynamically, this promotes growth of islands with (111) texture at the expense
of other crystallographic orientations.

3.1.2 Island coalescence
As the growing islands reach a certain size they eventually start to impinge on
each other. When two islands get into contact, there will be a driving force for the
formation of a grain boundary at the expense of elimination of the higher-energy
free surfaces of the two islands, that is, the islands will start to coalesce and form
a continuous film. If the diffusivity is relatively low, the attraction between the
islands2 is often accompanied by substantial straining of the developing film,
which accounts for the intrinsic tensile stress that is often seen during the early
1 The use of amorphous substrates allows to isolate the effects of individual deposition variables

on texture development. Polycrystalline substrates can bias texture through local pseudomorphic
epitaxy [35].
2 The attraction between the islands (or grains) is due to the interatomic forces appearing between atoms of neighboring grains being separated off the equilibrium distance.
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stages of thin film growth [38]. When an energy difference between two impinging islands occurs due to different size and/or different interfacial energies,
a driving force exists for the growth of one island at the expense of the other.
If the diffusivity is sufficiently high, this can happen through grain boundary
motion, which in the end leads to elimination of the smaller islands. If, however, the diffusivity is low, the grain boundary will remain, leading to relatively
small grain sizes upon coalescence. Since the energy of the individual islands
is dependent on size and orientation, structure evolution during coalescence can
affect both the developing grain size distribution and the orientation distribution [39]. Islands with the densest planes are typically favored due to a lower
overall surface and interface energy; that is, (111) for fcc, (0002) for hcp, and
(110) for bcc [35].

3.1.3 Thickening
When a polycrystalline film is fully coalesced and a continuous film is formed,
the film thickness increases by continued deposition. During this thickening
process the structure may evolve in different ways, depending again on the actual
deposition conditions and the mobility in the system, i.e. the ability for atomic
diffusion on the surface, in the grain boundaries and in the interior of the grains
[34], see Fig. 3.1(c), (d).
Atoms arriving at the film surface can either nucleate new grains on top of
existing grains, or they can contribute to “local epitaxial growth", that is, join
an already formed grain, which serves as a template with low-energy sites for
further (growth-induced) grain growth. The former growth mode, involving nucleation of new grains, is often caused by impurities or the introduction of defects
during deposition, which serves as favorable nucleation sites; the resulting grain
shapes are then predominantly equiaxed3 . However, for pure metals deposited
under conditions with high atomic mobility the latter growth mode is most common, resulting in columnar grains.
During thickening, the growth of some grains can be favored due to interface and strain energy minimization, leading to what is referred to as competitive growth (See Fig. 3.1(c)) [34, 35]. The occlusion of slow-growing grains by
faster-growing grains (in directions both in and out of the film plane) may result
in a through-thickness evolution of grain size and texture. As an example, pure
fcc metals are known to exhibit a strong (111) texture when deposited at relatively high-mobility conditions, because the surface energy is then minimized,
3 This situation is not depicted in Fig. 3.1(c) and (d), which primarily show grains traversing
the whole film thickness. Another possible structure is that each column consists of several more
or less equiaxed grains.
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as previously mentioned. If, however, large strain energy is built in via the introduction of, for example, defects, the strain-energy-minimizing (001) texture is
more pronounced [40]. As a consequence, if strain energy accumulates with increasing film thickness, a continuous change in texture as function of film thickness may be the result. Another possible mechanism responsible for selective
growth during sputter deposition is the fact that resputtering is more pronounced
for some crystallographic orientations than for others [12].
In the previous sections, some of the possible stages of structure evolution
during the deposition of polycrystalline films have been outlined. It is, however,
very likely that the as-deposited structure during one stage of the deposition is
influenced by growth processes occurring during later stages of the deposition,
or that the structure evolves further during post-deposition processing. Some
important kinetic processes to be mentioned here are thermal grain growth, grain
rotation and recrystallization.

3.1.4 Grain growth
Grain coarsening occurring through motion of grain boundaries is normally referred to as grain growth, see Fig. 3.2 [32]. The result of such grain boundary
migration is shrinkage and elimination of small grains which, in turn, leads to
an increase in the average grain size, D, of the remaining grains. Grain growth
occurs in polycrystalline materials to decrease the interfacial energy and hence
the total energy of the system. Since nanocrystalline materials have a highly disordered large interfacial component, the driving force for grain growth in nanocrystalline materials is expected to be especially high. As the unique properties
of nanocrystalline materials are derived from their fine grain sizes, grain growth,
which may deteriorate the material, is a crucial aspect of the thermal stability
of nanocrystalline materials. A review of the mechanisms and modes of grain
growth in polycrystalline thin films has been given by Thompson [41].
In pure single-phase (defect-free) solid materials at high homologous temperatures, grain growth is driven by the reduction in the total grain boundary
area, which thereby reduces the total free energy associated with the grain boundaries. The driving force for grain boundary migration is due to the pressure
difference formed by a curved grain boundary, which is proportional to γgb /r,
where γgb is the grain boundary energy and r is the radius of curvature of the
grain (proportional to the grain size). The driving force causes the boundaries
to move towards their center of curvature. If the velocity of grain boundary migration (or grain growth rate) dD/dt is assumed to be proportional to the driving
force, dD/dt = K· γgb /r, the grain size D at time t and constant temperature T
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Figure 3.2: Grain growth in a two-dimensional polycrystalline material. From [34].

can be expressed as
D2 − D20 = K(T )t .

(3.2)

Here D0 is the initial mean grain size, and K(T ) is a thermally activated rate
constant. The rate constant is equivalent to the grain boundary mobility and can
be expressed in an Arrhenius-type equation:
¶
µ
−Q
,
(3.3)
K = K0 exp
kB T
where K0 is a pre-exponential constant, kB is Boltzmann’s constant, and Q is the
activation energy for the rate limiting atomic process required for grain boundary migration. Grain growth following the parabolic expression in Eq. (3.2)
is termed normal grain growth4 , which in addition is characterized by a timeinvariant shape of the grain size distribution.
Normal grain growth is rarely observed except for high purity bulk metals at
high homologous temperatures. In most cases, the grain growth as a function of
temperature is better described by the empirical formula
1/n

D1/n − D0 = K1 (T )t ,

(3.4)

where the growth exponent n often deviates from the normal-grain-growth value
0.5. Observed values for n in nanocrystalline materials are mostly found in the
range n ≤ 0.5 (for example Ref. [43]), but also linear growth (n = 1) has been
reported [44]. The general trend for n is to increase towards the ideal value
0.5 with increasing homologous annealing temperature [5]. The reason for the
deviation from the ideal normal grain growth is probably that the velocity of
grain boundary motion is not a linear function of the driving force, i.e. the rate
4A

review of theories on normal grain growth in pure single phase systems has been given by
Atkinson [42].
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constant K (∼ mobility) is not a constant but varies with the driving force (and
therefore with D).
Generally, many factors may contribute to the grain-growth behavior. In
thin films, for example, the interfacial energies associated with the film-surface
interface can play an important role. In addition, impurity particles, pores or
defects (e.g. dislocations, vacancies, stacking faults) can exert a drag or pinning
force, which restricts the migration of grain boundaries. As a special example,
finite triple junction mobility has been reported as a possible retarding factor for
grain growth in nanocrystalline materials [45]. The models underlying Eqs (3.2)
and (3.4) do not take such pinning forces into account. A model proposed by
Burke [46] considers grain growth with due regard to pinning forces, where a
limiting grain size is introduced. This model leads to the expression:
µ
¶
D0 − D
Dm − D0
+ ln
= K2t ,
(3.5)
Dm
Dm − D
where Dm is the maximum grain size resulting due to the pinning forces, and K2
is again an Arrhenius-type rate constant.
Besides drag or pinning forces, it has been suggested that resistance to grain
growth in nanocrystalline materials results from insufficient driving force due
to structural factors such as narrow grain-size distribution, equiaxed grain morphology, low-energy grain boundary structures, and relatively flat grain boundary configurations [5]. In such cases it will not be energetically favorable for one
grain to grow at the expense of another, resulting in a metastable structure. According to the diversity of factors affecting grain growth, the activation energy
values (Q) for isothermal grain growth may have a wide dispersion. For most
nanocrystalline metals, however, the activation energy values for grain growth
are found to be comparable to the activation energy for grain-boundary selfdiffusion [3, 4].
Occasionally, abnormal grain growth5 can occur. This situation is characterized by fast, favored growth of a small subpopulation of grains consuming a matrix of smaller grains, leading to a so-called bimodal grain-size distribution [34].
Abnormal grain growth is generally assumed to arise from a combination of the
inhibition of normal grain growth (for example due to impurity pinning) and the
occurrence of a small number of special grains in the film that have a lower free
energy, providing a net driving force for their growth. Since, for instance, specific crystallographic orientations can be the origin of this favored growth (due
to interface-energy minimization), abnormal grain growth may be important for
the texture development in thin films [33, 47].
5 Abnormal

grain growth is also sometimes termed secondary recrystallization.
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3.1.5 Recrystallization and grain rotation
Polycrystalline thin films can undergo recrystallization instead of, or in addition
to, grain growth. Recrystallization is distinguished from grain growth in that new
grains with less defects nucleate and grow at the expense of pre-existing more
defect-rich grains [34]; the new grains are separated from the defected region by
high-angle grain boundaries (> 10–15◦ ). The driving force for recrystallization
is the stored energy associated with different types of lattice defects.
Grain rotation is another mechanism that is expected to play a role in the
structure evolution of polycrystalline materials, especially when considering nanocrystalline materials. Recently, various authors [45, 48, 49] have developed
theoretical models in order to shed light on this rather newly discovered growth
mechanism, which has been observed experimentally, for example by Harris et
al. [50], and Rossnagel and Kuan [51]. The driving force for grain rotation
is lowering of the energy stored in the grain boundaries, which for low-angle
grain boundaries (< 10–15◦ ) is approximately proportional to the angular misorientation across the grain boundary. That is, low-angle grain boundaries can
significantly lower their energy by small rotations, which may lead to a narrowing of the grain-orientation distribution, i.e. sharpened texture. Grain rotation
is also believed to be able to promote grain coarsening, since a rotation may be
followed by coalescence of neighboring grains via elimination of the common
grain boundary.
In the preceding sections possible processes through which the microstructure of polycrystalline thin films can evolve have been described. However, in
order to control the structure evolution during film deposition and during subsequent processing, it is important to know how different process conditions affect
the film.

3.2 Deposition parameters affecting the microstructural
evolution
Since magnetron sputtering was used to synthesize the thin films in the present
studies, focus is here on the process parameters relevant for this deposition technique and their possible effects on the microstructural evolution. Generally, the
resulting film properties are highly dependent on the preparation parameters due
to the nonequilibrium nature of the sputter-deposition process. The main process
parameters are: substrate temperature, substrate bias voltage, sputter gas pressure, deposition rate and background pressure.
According to the thermally-activated kinetic processes described in the pre-
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ceding sections, the substrate temperature is a critical parameter in controlling
the relative importance of the various processes, since the substrate temperature
affects diffusion and thereby the atomic mobility [34]. If, for example, the grain
boundary mobility is low, the initial grain sizes are small and tend only to change
through coarsening at the surface of the growing film. In addition, the strain energy may easily build-up due to incorporation of defects in the crystal lattice,
since the atomic mobility is insufficient for diffusion to low-energy sites.
As well as substrate temperature, the substrate bias voltage is important in
controlling the effective adatom mobility [12]. If substrate bias voltage is applied, energetic ions bombard the growing film and transfer energy to the film
surface, thereby increasing the adatom mobility. If, however, the ion energy is
sufficiently high, ions may be implanted or induce defects in the crystal lattice.
As a consequence, compressive stresses may arise in the film due to atomic peening effects [52]. Also the sputter gas pressure affects the energy (and direction)
of the arriving adatoms due to collisions between the sputtered atoms and the
gas atoms [12]. Roughly, in magnetron sputtering, the effects of increased bias
voltage are equivalent to a lower sputtering gas pressure.
The rate at which clusters nucleate and the characteristic adatom diffusion
time are both affected by the deposition rate [34]. If, for instance, the deposition rate is relatively high, the time during which the adatoms are free to move
to low-energy sites before being buried by newly arriving adatoms is short. A
consequence can be a very porous film. If, on the other hand, the deposition rate
is low, the impurity content (depending on the background pressure) may rise,
due to a larger relative flux of rest-gas particles.

3.3 Structure zone models
As mentioned in the previous sections, a variety of possible deposition conditions can be chosen, which will result in as-deposited films with different microstructures. In order to provide an overview of the relationship between the
microstructure of vacuum-deposited coatings and the most prominent deposition
parameters, various structure zone models have been developed. The basis of the
structure zone models is to envision the growth process as proceeding in three
general steps. The first step involves transport of atoms to the growing surface,
where shadowing6 may affect the structure formation. The second step involves
the adsorption and diffusion on the surface, and the third step involves bulk diffusion. In the case of sputter deposition, the transport step is controlled by para6 Shadowing

arises from the geometric constraint imposed by roughness of the growing film
and the line-of-sight impingement of arriving atoms.
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meters such as the apparatus geometry and the working gas pressure, while the
diffusion steps are controlled largely by the substrate temperature, but may also
be significantly influenced by bombardment of energetic species. The activation energies for surface, grain boundary, and bulk/lattice diffusion are typically
in the ratio 1:2:4 [53], implying that at lower temperatures surface and grainboundary diffusion rates can be orders of magnitude larger than bulk diffusion
rates.
The earliest of the structure zone models was proposed by Movchan and
Demschishin in 1969 [54]. They concluded that the observed microstructures
of thick evaporated metal and oxide films could be systematically categorized
into three zones according to their homologous temperatures T /Tm . Zone 1 corresponds to low deposition temperatures (T /Tm . 0.3) and is characterized by
films having a heavily voided columnar (or fibrous) structure. The columns are
generally not single grains, but are composed of smaller more equiaxed grains
(or can even be amorphous). The internal structure of the crystals is poorly defined, with a high dislocation density. This type of structure is the result when
adatom diffusion is insufficient to overcome the effects of atomic shadowing
(i.e. a “frozen in” structure). The zone 2 structure (0.3 . T /Tm . 0.5) consists
of larger columnar grains separated by dense grain boundaries. Dislocations are
primarily located in the boundary regions. Surface or grain-boundary diffusion
seems to be dominating parameters, since the columnar grain size increases with
T /Tm , in accordance with activation energies for these mass-transport mechanisms. Finally, zone 3 (T /Tm & 0.5) is characterized by bulk diffusion processes
such as grain growth and recrystallization. The grain shape may be equiaxed
or columnar, and the grain boundaries are dense. Generally, the boundaries between the zones are diffuse and the transition from one zone to another occurs
gradually over a relatively wide range in T /Tm .
A similar zone model was introduced by Thornton [55,56] for thick sputtered
films. Besides the homologous temperature, the effect of sputter gas pressure
was additionally taken into account.7 The gas pressure affects the film microstructure primarily due to the fact that the mean free path of the sputtered atoms
is inversely proportional to the gas pressure. Increasing the pressure reduces the
energy of the bombarding species, which lowers adatom mobilities. Furthermore, the gas scattering also increases the oblique component of the deposition
flux, whereby self-shadowing decreases the density at the grain boundaries. That
is, higher gas pressure promotes zone 1 structures. The Thornton structure zone
7 Actually

it is the product of the gas pressure and the target-substrate distance, pd, that is the
relevant parameter [57], but when the distance is kept fixed the pressure can be regarded as the key
parameter. The product pd relates to the degree of “thermalization” of the sputtered and reflected
species.
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Figure 3.3: Schematic Thornton structure zone diagram showing the dependence of coating structure on substrate temperature and argon pressure. From [56].

diagram is shown in Fig. 3.3. The inclusion of gas pressure as an additional
parameter introduces a transition zone, zone T, between zone 1 and 2. The morphology of zone T is characterized by columnar grains with dense grain boundaries and a high dislocation density. At low pressure, zone T is promoted with
respect to zone 1, since the enhanced energy of the impinging species enhances
the surface mobility, causing the structure to become more dense. Note that
zone 2 (and 3) are almost unaffected by the incorporation of the gas-pressure
parameter, since the homologous temperature is sufficiently high for substantial
thermally activated surface diffusion.
In order to incorporate the effects of ion bombardment (e.g. bias sputtering)
on the structure of thin films, Messier et al. [58] proposed a further revised zone
model. Applying a negative substrate-bias potential (Vs ) enhances the extent of
ion bombardment, which is essentially similar to what can also be accomplished
by reducing the gas pressure as mentioned previously. Thus the zone diagram of
Messier et al., Fig. 3.4, is almost identical to the Thornton zone diagram (Fig.
3.3) with gas pressure replaced by inverse substrate bias.
Structure zone models present a semi-quantitative guideline for the expectations for the structural evolution as a function of primary deposition variables
for physically deposited films. Although the original sputter zone model was
based on metal coatings deposited by magnetron sources, its general features

3.3. Structure zone models

29

Figure 3.4: Structure zone model for films showing the effect of both ion bombardment (negative
substrate bias voltage Vs ) and thermal-induced mobility. From [58].

have been found to be rather universal. It is, however, important to note that
such models or diagrams are developed for a specific class of materials and are
based on assumptions concerning specific processing conditions such as impurity content [59], deposition rate etc. Hence, some variation should be expected
regarding for example the homologous temperatures associated with the transitions between different structural zones.
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CHAPTER 4

Characterization techniques

The relevant theories and apparatuses of the principal characterization techniques
used throughout the work of the present thesis are presented. The experimental
techniques used include Rutherford backscattering spectrometry, various X-ray
techniques, transmission electron microscopy and nanoindentation. To a lesser
extent, atomic force microscopy was used for surface roughness measurements,
for which reason this technique is only briefly described.
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4.1 Rutherford backscattering spectrometry
The thickness and chemical composition of a thin film can be measured by means
of Rutherford backscattering spectrometry (RBS). The theory of RBS is wellcovered in textbooks, e.g. Chu et al. [60] and Feldman et al. [61], which serve as
the basis for the following discussion of the main aspects of RBS.

4.1.1 Theory
The nondestructive RBS technique consists of irradiating the sample to be analyzed with a beam of monoenergetic MeV ions, usually 1 H+ or 4 He+ . The impinging ions penetrate the sample until a certain depth where they are backscattered and leave the sample through the same surface as they entered. The ions
finally reach the detector analysis system where their energies are measured.
The yield and energy of the backscattered ions allow for quantitative analysis
of atomic composition and depth-profiling. The total energy loss of the scattered ions can be divided into three terms corresponding to the energy loss prior,
during and after the scattering event.
The RBS theory is based on the elastic scattering of the incident ions due to
the Coulomb repulsion between ions and target atoms. An ion with initial energy
E0 and mass Mi has, after scattering on a target atom with mass Mt (initially at
rest), the energy E1 given by
Ã
E1 = E0

Mi cos φ +

≡ E0 KMt (φ ) ,

q
!2
Mt2 − Mi2 sin2 φ

Mi + Mt

(4.1)
(4.2)

where φ and KMt (φ ) are the scattering angle and the kinematic scattering factor,
respectively. In the following, the kinematic factor is just denoted K. From this
expression, the mass of the target atoms can be determined by measuring the
energy of ions backscattered in a given angle. Note that the change in E1 when
Mt changes is observed to exhibit a maximum for φ = 180◦ , that is, the optimum
mass resolution is achieved when the detector is placed as close as possible to
direct backscattering through φ = 180◦ .
If the scattering is due to the Coulomb interaction between the incident ion
with charge Zi e and a target nucleus with charge Zt e, the scattering cross section
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is given by the Rutherford cross section1
µ

σ (φ , Ei ) =

e2

Zi Zt
2Ei

¶2

n
1
sin4 φ

q
¡ Mi
¢2 o2
cos φ + 1 − M
sin
φ
t
q
,
¡ Mi
¢2
1 − Mt sin φ

(4.3)

where Ei is the incident ion energy. In the limit Mi ¿ Mt Eq. (4.3) can be expanded into the simpler, well-known expression
µ

σ (φ , Ei ) =

Zi Zt e2
4Ei

¶2

1
sin4 φ2

.

(4.4)

Because the cross section scales as Zt2 , RBS is much more sensitive to heavy
elements than to light ones.
As the incident ions traverse the sample before and after the backscattering
event, they lose energy due to inelastic collisions with electrons resulting in excitations and ionizations of the target atoms. Although these events are discrete in
nature, statistically the ions can be considered to lose their energy continuously.
This is described by the stopping power, the energy loss per unit path length,
dE/dx, given by
µ ¶
2π Zi2 e4
Mi
2me v2i
dE
=
NZt
ln
,
(4.5)
−
dx
Ei
me
I
where N is the atomic density, me the electron mass, Ei and vi the ion energy and
velocity, respectively, and I the excitation energy of the target atoms. The total
energy loss before the backscattering when the incoming ion penetrates into the
depth x is thus given by
¯
Z x
dE ¯¯
dE
dx ≈ x ¯ ,
∆Ein =
(4.6)
dx in
0 dx
where, in the last approximation, the stopping power is evaluated using an average value between the initial energy Ei and the energy before impact. This
approximation is appropriate in computer simulations of RBS spectra in order
to save computational time. Furthermore, applying RBS in thin film analysis,
the approximation is generally very good due to the relatively low penetration
depths. A similar approximation is made for the energy loss along the outgoing
path when the ions leave the sample.
1 As

customary in the literature, σ is here given in cgs units. To convert into SI units the
substitution e2 → e2 /(4πε0 ) has to be performed.
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To account for the fact that the stopping power is proportional to the atomic
density N, the stopping cross-section, ε , defined by

ε≡

1 dE
N dx

(4.7)

is frequently used. The energy loss described in Eq. (4.6) is then expressed as
∆Ein ≈ xN εin , which has the advantage of expressing the energy loss in terms of
the two physically relevant quantities: ε , the specific energy loss per atom, and
xN, the number of atoms per unit area. Note that whenever an RBS measurement
expresses depth in units of length, knowledge about the atomic density N has
been assumed.
Using the previously mentioned results, the detected energy of an ion backscattered from a depth x below the sample surface is given by
E1 (x) = K(E0 − xN εin ) −

x
N εout ,
cos(π − φ )

(4.8)

where the incoming ion beam is assumed to be directed normal to the sample surface. The energy difference between an ion backscattered on the sample surface
(with energy KE0 ) and from the depth x thus becomes
∆Etot = (K εin +

1
εout )Nx ≡ [ε ]Nx ,
cos(π − φ )

(4.9)

where [ε ] is known as the stopping cross-section factor. The key result here is
that the energy width of an RBS spectrum is directly proportional to the depth
x, which allows for thickness determination of thin films, and the peak position
reveals information on the element. An example of an RBS spectrum is presented
in Fig. 4.1.
If two or more elements are present in the sample, the stopping cross-section
of the compound material, e.g. Am Bn , is to a good approximation given by the
additive rule known as Bragg’s rule2

ε Am Bn = mε A + nε B ,

(4.10)

where ε A and ε B are the stopping cross sections of the atomic constituents A
AB
and B, respectively. The stopping cross-section factors [ε ]AB
A and [ε ]B of the
elements A and B in the compound Am Bn can be calculated using Eq. (4.9).
2 For 4 He ions with energies in the 1-2 MeV range the approximation is generally correct within

10% or less.
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Figure 4.1: Simulated RBS spectrum from a 4000 Å Cr2 N thin film obtained by 2 MeV 4 He+
directed normal to the sample surface. The backscattering angle is φ = 161◦ . ∆Ei ’s are the energy
difference between ions backscattered on element i on the film surface and in the depth 4000 Å,
Hi ’s are the signal heights, and Ai ’s the integrated yields.

The concentration ratio of the elements that constitute a compound sample can be found using the areas (the integrated yield corresponding to a given
atomic constituent) and the Rutherford cross sections according to
CA AA σB
=
,
CB AB σA

(4.11)

where Ci ’s and Ai ’s are the concentrations and areas of the constituent elements,
respectively. Alternatively, if the RBS signals from the constituent elements
overlap, making it difficult to integrate the individual signals, the concentration
ratio can be found from
CA HA [ε ]AB
A σB
=
,
(4.12)
CB HB [ε ]AB
B σA
where Hi ’s are the heights of the signals from the elements that constitute the
sample. Due to the relatively large uncertainty by which stopping cross sections
of the light elements are known, concentration ratios involving light elements
are usually at best determined by use of Eq. (4.12) within a relative uncertainty
of about 10%.

4.1.2 Apparatus
The RBS measurements have been carried out using 2.0-MeV 4 He+ ions supplied by a van de Graaff accelerator. The energy of the backscattered ions is
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measured by a Si semiconductor detector with an energy resolution of about
20 keV. The detector is positioned at an angle φ = 161◦ with respect to the
incoming ion beam, which is as close as possible to complete backscattering
through φ = 180◦ without blocking the incident beam. The ion beam impinges
normal to the sample surface. However, in order to minimize possible effects
of channeling, the samples were randomly tilted a few degrees with respect to
the beam axis during measurement. The recorded spectra, i.e. the backscattered
yield versus the ion energy, were analyzed using the RUMP software [62] and/or
the SIMNRA software [63].

4.2 X-ray techniques
In order to characterize the nanostructure of the thin films, X-ray diffraction
and reflectivity techniques have been applied. X-rays are, due to wavelengths
in the Å-region, well-suited for obtaining structural information on the atomic
scale such as lattice distances, sizes and orientations of coherently diffracting
domains (grain sizes and texture), microstrains, and modulation periods of multilayer structures. The nondestructive property of the X-ray techniques makes
these ideal for studying structures that are inherently unstable and thus sensitive
to treatments. Furthermore, by use of the very intense X-ray radiation generated
at synchrotron sources, in-situ time-resolved measurements allow the investigation of the structural evolution during film growth and during post-deposition
processing.
In this section the basic theory of X-ray diffraction is given, and relevant
equations of the intensities and widths of the diffraction peaks are derived. The
principles of peak-profile analysis used to extract microstructural information on
average sizes of the coherently diffracting domains and microstrains are outlined.
Basic theory necessary for the interpretation of the X-ray reflectivity measurements are also presented, and, finally, the various X-ray scattering techniques
and apparatuses used are briefly described.

4.2.1 X-ray diffraction
Basic theory
In the classical description of the scattering process an incident monochromatic
electromagnetic wave with wavevector k and intensity I0 causes a free electron
to oscillate at the same frequency and in the direction of the electric field. The
accelerating electron radiates like a small dipole and creates an electromagnetic
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field which at a distance r, far from the electron, has an intensity given by [64]
I(r) = I0 r02

K1 + K2 cos2 (2θ )
,
r2

(4.13)

2

where r0 ≡ 4πεe mc2 = 2.82 · 10−5 Å is the Thomson scattering length, describing
0
the ability of an electron to scatter an X-ray, and 2θ is the scattering angle. K1
and K2 are fractions of the incident field amplitude perpendicular and parallel,
respectively, to the scattering plane spanned by the incident and scattered beams.
The term K1 + K2 cos2 (2θ ) denotes the polarization factor.
Considering the scattering from an atom, the scattering from all electrons
has to be taken into account. This introduces the atomic form factor, fa , which
is the atomic scattering amplitude expressed in units of the scattering amplitude
from a free electron. The scattered radiation is a superposition of contributions
from different volume elements of the electron distribution ρ (r) weighted by
appropriate phase factors. Consider an incident plane wave, which scatters elastically3 from an electron located at the origin and one at a position r, resulting
in two parallel scattered waves with vectors k0 (note that |k| = |k0 | = 2λπ when
considering elastic scattering). The total phase difference of the two scattered
waves are thus given by (k − k0 ) · r ≡ q · r, where q is the scattering vector. The
atomic form factor, fa , is then found by integrating the scattering amplitude from
all volume elements of the electron charge distribution yielding
Z

ρ (r)eiq·r dr .

fa (q) =

(4.14)

The atomic form factor is recognized as the Fourier transform of the electronic
charge density of the atom.
Continuing in a similar manner, the structure factor for a crystal can be
found. A crystalline material is characterized by the fact that it can be constructed by regularly repeating a unit cell. The points at which the unit cells are
located are specified by Rn = n1 a + n2 b + n3 c, where a, b and c are primitive
lattice vectors spanning a Bravais lattice, and ni are integers. If the atomic positions within the unit cell are described by the vectors r j with respect to the origin
of the unit cell, the position of any atom in the crystal is given by r j + Rn . The
structure factor of the crystal is thus expressed as
Fcrystal (q) =

∑ faj (q)eiq·r ∑ eiq·R
j

rj

n

(4.15)

Rn

= Fuc (q) ∑ eiq·Rn ,

(4.16)

Rn

3 Only

X-ray techniques based on elastic scattering have been used throughout this thesis.
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where the first factor, Fuc , is the unit cell structure factor, and the last factor is the
lattice sum. The terms in the lattice sum are all phase factors located somewhere
on the unit circle, and the sum will be on the order of unity except for scattering
vectors fulfilling
q · Rn = 2π × integer ,
(4.17)
in which case the sum will be equal to the huge number of terms. Eq. (4.17)
defines the reciprocal lattice Q which is spanned by the reciprocal basis vectors
a∗ , b∗ and c∗ given by
a∗ =

2π (b × c)
a · (b × c)

b∗ =

2π (c × a)
a · (b × c)

c∗ =

2π (a × b)
.
a · (b × c)

(4.18)

The scattered amplitude from a crystal will thus be non-vanishing only if the
scattering vector q is in the form of ha∗ + kb∗ + lc∗ , i.e. is a vector in the reciprocal space, where h, k, l are all integers. This is the Laue condition for the
observation of X-ray diffraction from a crystal lattice:
q = Qhkl .

(4.19)

It can be shown, that for each point of the reciprocal lattice (h, k, l) there exists a
set of planes in the direct lattice so that
• Qhkl is perpendicular to the planes with Miller indices (hkl).
π
• |Qhkl | = d2hkl
n, where dhkl is the lattice spacing of the (hkl) planes, and n is
an integer (a possible common factor in the Miller indices).

Since |q| = 2|k| sin θ and |k| = 2π /λ , the Laue condition for diffraction, Eq.
(4.19), is seen to be equivalent to Bragg’s formula for diffraction
2dhkl sin θ = nλ ,

(4.20)

where λ is the X-ray wavelength.
As seen from Eq. (4.15), the structure factor of a crystal is the Fourier transform of the electronic density. That is, if the structure factor is known the electronic density can be found by Fourier-transforming the structure factor. In X-ray
diffraction experiments, however, the measured quantity is the diffracted intensity, which is proportional to the norm square of the structure factor |Fcrystal (q)|2 .
As a consequence, no phase information of the structure factor is available –
this is known as the phase problem in crystallography. However, by means of
least-square fitting methods, e.g. Rietveld refinement, measured structures can
be modeled.
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If the crystal or the coherence length of the diffracting domain (e.g. crystallite size) is finite in one dimension, say the z-direction, the norm square of the
crystal structure factor given by Eq. (4.16) may be written as [64]
µ q·c ¶2
sin 2 N3
|Fcrystal (q)|2 = |Fuc (q)|2
N1 N2 a∗ b∗ δ (qxy − Qhk ) .
(4.21)
sin q·c
2
N1 , N2 and N3 are the number of unit cells within the coherent domain in the x, y
and z directions, respectively, and δ is the Dirac delta function. Here N1 and N2
iξ j =
are assumed to be huge, much larger than N3 . The formulas SN = ∑N−1
j=0 e
sin ξ N/2 iξ (N−1)/2
e
sin ξ /2

and |SN |2 → Na∗ δ (q − Qhkl ) for N → ∞ are used in evaluating
the lattice sum. As seen from Eq. (4.21), a finite coherence length results in
sin q·c N
broadening of the diffraction peak since the function sin2q·c 3 has a finite breadth.
2

The full width at half maximum intensity is approximately ∆( q·c
2 ) = π 0.89/N3 .
The broadening due to finite crystal size is seen to be inversely proportional to
0
the number of unit cells. Using ∆( q·c
2 ) = ∆q · c /2, and ∆q = 2k cos θ0 ∆θ =
4π
λ cos θ0 ∆θ , where θ0 is the diffraction angle for maximum intensity, the width
of the diffraction peak yields
∆(2θ ) =

0.89λ
.
D cos θ0

(4.22)

D = c0 N3 is the length of the coherently diffracting domain in the z-direction.
Eq. (4.22) is the well-known and often applied Scherrer equation. The important
result is that the dimension of the coherent region (often equivalent to the grain
or crystallite size) in the direction of the scattering vector can be estimated from
the width of the diffraction peak, ∆(2θ ). Generally, the constant in the Scherrer equation is close to unity, but the exact numerical value differs somewhat
depending on the underlying assumptions regarding, for example, the shape of
the coherent diffracting domains, and the way in which ∆(2θ ) and D are defined [65, 66]. This subject will be further dealt with in section 4.2.2, where
extraction of microstructural information based on peak-profile analysis is described.
When calculating the absolute intensities for diffraction from a crystal, various parameters have to be taken into account. These include the polarization,
Lorentz, temperature and extinction factors etc. [64]. Also, the finite collimation of the incoming X-rays, domain size and crystal defects etc., causing the
diffracted beam to have a finite angular spread must be accounted for. However,
for the results presented in this thesis only relative intensities are of importance,
for which reason recorded diffractograms were not corrected for the above mentioned factors in order to obtain absolute intensities.
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Modulated materials
Since part of the thesis deals with X-ray diffraction in multilayer films, a brief
description of diffraction from a modulated material will be given. The basic
features of the diffracted intensity from a modulated material can be explained
by considering the simplest theoretical model approach where the diffracted intensity is calculated for alternating textured layers of material A and B [67, 68].
A general overview and more detailed approach can be found in Fullerton et
al. [69].
Consider a multilayered structure of material A and B with interplanar spacings along the growth direction da and db , respectively. If na and nb are the
number of atomic planes in the respective layers the bilayer thickness (or bilayer period) is given by Λ = na da + nb db . Following the approach leading to the
previously derived crystal structure factor, the diffracted amplitude of one A-B
bilayer calculated in the modulation direction (z-direction) is then given by
A(qz ) = Fa

sin qz na da /2
sin qz nb db /2
+ eiqz Λ/2 Fb
,
sin qz da /2
sin qz db /2

(4.23)

where Fa and Fb are the scattering factors of the two constituents, and qz the scattering vector along the modulation direction. The diffracted amplitudes of material A and B are connected by a well-defined phase factor exp(iqz Λ/2), which
is equivalent to the assumption that the amplitudes are added coherently. If the
bilayer is repeated N times, the amplitude in Eq. (4.23) has to be multiplied by
AN (qz ) =

sin qz ΛN/2
.
sin qz Λ/2

(4.24)

The diffracted intensity (the norm square of the amplitude) of the multilayer thus
becomes
¶ ½ µ
¶
µ
¶2
µ
sin qz ΛN/2 2 2 sin qz na da /2 2
2 sin qz nb db /2
Fa
+ Fb
I(qz ) =
sin qz Λ/2
sin qz da /2
sin qz db /2
µ
¶µ
¶¾
sin qz na da /2
sin qz nb db /2
+2Fa Fb cos(qz Λ/2)
, (4.25)
sin qz da /2
sin qz db /2
which for convenience can be abbreviated as
I = IN (Ia + Ib + Iab ) .

(4.26)

Besides the intensities Ia and Ib of the constituent materials, the assumption of
structural coherence gives rise to a mixed term Iab , which disappears in a noncoherent treatment [68].
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The terms Ia and Ib correspond to diffraction peaks located at Bragg peak
positions of isolated layers of material A and B, respectively. The mixed term
Iab gives rise to a diffraction peak located at the weighted average lattice spacing
b db
d0 = na dnaa +n
+nb . However, the mixed term only becomes dominant if the structural
coherence length is larger than the bilayer thickness Λ. For thicker layers, where
at some point the structural coherence length often becomes less than Λ, Iab is
negligible. Finally, the total signal is multiplied by the front factor IN , which
yields a maximum whenever qz Λ/2 = π m, where m is an integer. That is, in case
of relatively thin layers, multiplication with IN gives rise to satellites around
the main peak with a separation representing the bilayer thickness Λ. This is
expressed by the modified Bragg equation
sin θ± = sin θo ± m

λ
,
2Λ

(4.27)

where θ± is the position of the m-th order satellite peak, and θo is the position
of the (average) Bragg peak. This expression allows for a straight forward determination of the bilayer thickness, if superlattice satellite peaks are present in a
diffractogram from a multilayered film.

4.2.2 X-ray diffraction peak-profile analysis
Since a considerable part of the data treatment in the present experiments is concentrated on peak-profile analysis of the measured X-ray diffraction peaks, the
method used and the calculations involved will be described in some detail in the
following. The aim of the analysis is to gain information about the microstructural properties of the thin films, i.e. to determine the apparent average grain
sizes and microstrains4 .
For a polycrystalline specimen consisting of sufficiently large and strain-free
crystallites/grains, the previously mentioned theory predicts that the diffraction
peaks will be exceedingly sharp. This is, however, never observed in practise,
because a combination of several instrumental and specimen-related physical
factors contributes to broaden the peak profiles. Among the instrumental factors
to be considered are for example the emission profile of the X-ray radiation, the
dimensions of the slits used to collimate and define the beam, and the detector
resolution. Physical factors originating from the specimen are caused partly by
the actual specimen dimensions, and partly by microstructural parameters. Peak
4 Microstrains

1

2
are here given by the root-mean-square (rms) strains hε 2 ihkl
averaged over the
dimensions of (hkl) grains. Microstrain expresses the local deviation of the strain from its mean
value.
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broadening due to the microstructure is often considered to make up the intrinsic
(“pure”) profile, which is determined by crystallite size (size of coherently diffracting domains), size distribution, and imperfections prevailing in the crystal
lattice. According to theory [65], the observed peak profile, Y (2θ ), is the convolution5 of the profile containing all non-microstructural factors, A(2θ ), and the
intrinsic microstructural-related profile, S(2θ ). Further, the intrinsic microstructural profile is commonly believed to consist of mainly two contributions, L(2θ )
and G(2θ ), originating from “size” and “strain” broadening, respectively. The
observed peak profile, Y (2θ ), can thus be expressed as
Y = A ∗ S = A ∗ (L ∗ G) .

(4.28)

To extract microstructural information from a recorded X-ray diffractogram, the
task is to decompose an observed peak profile into its constituents. The nonmicrostructural contribution, A, can either be measured experimentally or calculated by means of the so-called Fundamental Parameter Approach [70]. In this
way the microstructural-related profile, S, can be separately determined.
Several methods have been developed to extract microstructural information
from the intrinsic diffraction profile S [65]. The method applied throughout this
thesis is the single-line analysis method based on a Voigt function introduced
by Keijser et al. [71]. Extraction of microstructural information is based on the
analysis of single diffraction peaks, which is contrary to the majority of other
frequently used methods. The single-line method is specifically useful when
analyzing textured samples [72], which are commonly encountered in the case
of thin films. The underlying assumption is that the microstructural broadening
of the peak profile can be subdivided into two contributions: Size broadening,
caused by finite size of domains diffracting essentially incoherently with respect
to each other, and strain broadening, caused by varying displacements of atoms
with respect to their reference-lattice position. Furthermore, it is assumed that
size broadening is described by a Lorentzian L,
L(x) =

1
£
¡ ¢2 ¤ ,
βL 1 + π 2 βxL

(4.29)

and strain broadening by a Gaussian G,
½
µ ¶2 ¾
x
1
exp − π
.
G(x) =
βG
βG

(4.30)

5 The convolution h(x) of two functions f (x) and g(x) is defined as: h(x) = g(x) ∗ f (x) ≡
R +∞
−∞ g(y) f (x − y)dy [65].
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Here βL and βG are the integral breadths, defined as the ratio of the peak area
to the maximum peak intensity. Generally, a convolution, S, of a Lorentzian
and a Gaussian is known as a Voigt function. Performing a profile analysis of a
(hkl)-diffraction peak based on the assumptions described, the integral breadth,
β , and the so-called shape factor, ϕ , of the Voigt profile are determined. (The
shape factor is generally given by the ratio of the full width at half maximum and
the integral breadth: ϕ = FWHM/β .) Based on these parameters, the integral
breadths βL and βG of the Lorentzian and Gaussian Voigt-profile constituents can
be determined using the following empirical formulae [71]:

βL /β = 2.0207 − 0.4803ϕ − 1.7756ϕ 2

(4.31)

and
³
2 ´ 12
βG /β = 0.6420 + 1.4187 ϕ −
− 2.2043ϕ + 1.8706ϕ 2 .
π

(4.32)

The apparent average crystallite size, D, is then given by the Scherrer formula
Dhkl =

λ
,
βL,hkl cos θhkl

(4.33)
1

2
, here defined
where λ is the wavelength of the X-rays. The microstrain hε 2 ihkl
as the root-mean-square strain, is given by
1

2
hε 2 ihkl
=

βG,hkl
.
5 tan θhkl

(4.34)

It should be stressed that the apparent size of crystallites is here defined as the
volume-weighted average thickness measured in the direction of the diffraction
vector, which is the reason for the slightly different appearances of the Scherrer
equation in Eq. (4.33) and Eq. (4.22). In addition, D is actually the size of the coherently diffracting domains, which is not necessarily identical to the grain size:
By introducing defects in a crystalline material the coherence length becomes
smaller, i.e. the coherently diffracting domains will, in general, be smaller than
or equal to the grains [65]. However, if nothing else is mentioned in the following, D, as obtained from the Scherrer equation above, will be denoted the grain
size.
Due to its mathematical convenience when fitting large amount of data, the
pseudo-Voigt peak profile, a weighted sum of a Gaussian and a Lorentzian,
S = η L + (1 − η )G (0 ≤ η ≤ 1) ,

(4.35)
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was used in the present data analysis instead of a true Voigt profile.
q The shape

factor ϕ used in Eqs (4.32) and (4.31) is thus given by ϕ = π2 η + 2 lnπ2 (1 − η ).
Generally, the pseudo-Voigt is a close approximation to a Voigt [73] and is
widely used in peak-profile analysis. To verify the results obtained using pseudoVoigt profiles we also analyzed some peaks using Voigt profiles. Within the
experimental error very similar results were obtained using the different mathematical approaches, validating the use of the more convenient pseudo-Voigt
profiles. The necessary correction due to non-microstructural broadening of the
peak profiles was determined experimentally. In situations where the instrumental contribution to the peak broadening was determined experimentally, it
was found to be well-described by a Gaussian, wherefore this contribution was
subtracted (quadratically) from the Gaussian breadth found in Eq. (4.32). The
software package Diffracplus TOPAS [74], utilizing the theory outlined above,
was occasionally used in the analysis of the recorded diffractograms.

4.2.3 X-ray reflectivity
X-ray reflectivity, also commonly denoted specular low-angle X-ray diffraction,
has mainly been used to measure film and bilayer thicknesses, and to a lesser
extent to reveal film density and interface roughnesses. A general description of
the theory can be found in for example Ref. [64].
In the preceding sections only kinematic scattering theory has been applied,
neglecting dynamical effects such as multiple scattering and interference between the incident and scattered beams. This approach is justified by relatively
small intensities of the diffracted beams which is common at high scattering angles (& 15◦ ) and when considering diffraction from imperfect crystals, making
dynamical effects negligible. However, at low scattering angles these effects
become more pronounced and therefore important when considering X-ray reflectivity.
At low incidence angles θ , less than about 4◦ , X-rays are governed by optical
principles exhibiting reflection and refraction at surfaces and interfaces due to
the difference in electron density of the different layers (films). The real part of
the index of refraction n in the X-ray region is slightly less than unity, expressed
r0
by n = 1 − δ , where δ = 2πρ
. Here ρ is the electron density, and in solid
k2
materials the deviation from unity of the refractive index is thus in the order
of 10−5 . The application of Snell’s law in the case of X-rays reflected at an
interface between air and a solid material thus shows that for incident angles
below a critical angle θc , total external reflection occurs. Using small angle
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approximations, the critical angle can readily be expressed as
r
√
ρ r0
θc = 2δ =
λ.
π
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(4.36)

As seen from Eq. (4.36), measurement of the critical angle allows for the electron
density of the material to be determined.
For incident angles greater than the critical angle, the X-rays penetrates into
the film.6 In principle, the low-angle diffraction profile directly gives the Fourier
transform of the electron density profile, which is related to the compositional
profile. However, the dynamic effects limit the information obtainable from this
approach. Instead, the most common approach to calculate low-angle diffraction
profiles is the optical formalism originally developed by Parratt [75], also known
as Parratt’s recursive method. The calculation uses the refractive index of each
layer to calculate the Fresnel coefficient of reflectivity of each interface. The
total reflected intensity is then calculated using a recursive formula. This theory
has been shown to be equivalent to dynamical calculations [69].
The small scattering angle of typically 1-15◦ used in X-ray reflectivity measurements causes a small scattering vector that cannot be diffracted on the atomic
scale. The smallest distance causing diffraction with scattering vectors of this
π
size is readily found since dmin = q2max
, yielding dmin ≈ 6 Å (assuming Cu-Kα
radiation). That is, the length scales probed are typically greater than the crystalline lattice spacings encountered in the individual layers of thin films. Thus
only the periodicity (Λ) of the interfaces in multilayered films or the (small) film
thickness of a monolithic film causes peaks in the reflectivity curve, with scattering factors associated with each interface. The observed peaks occur at positions
of 2θ given by a further modified Bragg’s law, where refraction of the X-rays
traversing an interface is taken into account [76]:
µ ¶2
λ
+ 2δ ,
sin2 θ = m2
(4.37)
2Λ
where m is the order of reflection, and δ is the deviation of the real part of the (average) refractive index from unity. In the case of reflectivity from a monolithic
thin film, Λ is the film thickness. Considering a multilayer structure, the reflectivity peaks are influenced by the thickness of the individual layers in the period.
Destructive interference from the X-rays scattered off the interfaces causes the
mth reflectivity peak to vanish if the layer thicknesses tA and tB obey the relation m = p( ttBA + 1), where p is an integer [77]. Based on this it is possible to
determine the thicknesses of the constituent layers in a multilayered material.
6 Actually,

at glancing angles below the critical angle the X-ray penetrates into the sample as
an evanescent wave with a typical penetration depth of ∼ 10 Å.
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The measured intensity of the reflected X-rays is highly dependent on the
actual composition profile at the interfaces since the scattering factors depend on
this profile. This makes it possible to quantify the surface and interface roughness by means of X-ray reflectivity. Since the scattering vector is normal to the
sample surface (specular reflectivity) the composition profile is only measured
along this direction. In one formalism often applied, roughness is considered by
assuming a Gaussian distribution about the average layer thickness. With this
assumption, roughness is modeled by multiplying the reflectivity R0 of an ideal
sharp interface with an exponential term, yielding
R(q) = R0 (q)e−q

2σ 2

,

(4.38)

where σ is the interface root-mean-square roughness [64].
The recorded X-ray reflectivity scans were analyzed by means of the software package Diffracplus Leptos [78].

4.2.4 Scattering geometries
In the following, the various X-ray scattering geometries used are briefly described. These include specular Bragg-Brentano X-ray diffraction (BBXRD),
grazing incidence and grazing exit large-angle X-ray scattering (GIXS), χ -scans
(one-dimensional pole figures), and X-ray reflectivity (XRR).
Bragg-Brentano X-ray diffraction (BBXRD)
Bragg-Brentano X-ray diffraction (BBXRD), also commonly denoted specular
high-angle X-ray diffraction or θ -2θ scans, is characterized by the scattering
vector q being perpendicular to the sample surface, i.e. the scattering vector has
no component in the plane of the sample, see Fig. 4.2. In this geometry only
crystallographic planes parallel to the film surface meet the Bragg diffraction
condition, and the technique thus only offers information on the microstructure
in the out-of-plane direction. BBXRD measurements reveal information about
the crystalline phases present, texture, crystallinity, and out-of-plane lattice parameters. Additionally, from the width and shape of the diffraction peaks, the
out-of-plane average grain sizes and microstrains can be extracted. In the case
of a multilayered structure, the modulation period and the average lattice parameters can be deduced if superlattice diffraction peaks (satellites) are present.
In BBXRD the scattering angle 2θ is typically varied from about 10◦ and upwards7 , corresponding to a penetration depth in the order of 104 –105 Å, which
exceeds the film thicknesses investigated throughout this thesis.
7 Here

an X-ray wavelength close to the one of Cu-Kα has been assumed.
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Figure 4.2: Bragg-Brentano X-ray diffraction (BBXRD) and χ -scan geometries. In BBXRD, the
scattering vector q is perpendicular to the sample surface (tilt angle χ = 0◦ ).
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Figure 4.3: Grazing incidence and grazing exit large-angle X-ray scattering (GIXS) geometry.

Grazing incidence and grazing exit large-angle X-ray scattering (GIXS)
Grazing incidence and grazing exit large-angle X-ray scattering (GIXS) is characterized by the scattering plane lying almost parallel to the sample surface, see
Fig. 4.3. This is obtained by choosing the incidence and exit angle θ close to the
value of the critical angle for total external reflection θc , which for typical X-ray
wavelength and materials investigated in this thesis is on the order of 0.5◦ . In order to get a signal characteristic of the whole thin film and not only of a shallow
layer at the surface, the incidence angle must be larger than θc . The diffracted
X-rays are recorded for various scattering angles, here denoted 2ω , the size of
the scattering angles being equivalent to the ones used in BBXRD. The angle α
tan θ
between the scattering vector q and the sample surface is given by tan α = sin
ω.
In the GIXS geometry, since θ is very small, only crystallographic planes almost
perpendicular to the film surface are probed (α small), i.e. it is possible to gain
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information about in-plane lattice parameters, grain sizes and microstrains. The
low incidence angle used in GIXS measurements results in a large footprint on
the sample, decreasing the incident intensity per unit surface-area. Hence high
intensities are usually required, for which reason GIXS measurements have only
been performed using synchrotron radiation.

χ -scans
χ -scans have been performed in order to quantitatively investigate the angular
distribution of crystallographic planes with respect to the sample surface. Keeping θ and 2θ fixed at angles corresponding to standard BBXRD from a certain
choice of (hkl) lattice planes, the diffracted intensity is continuously measured
as a function of the sample tilt χ , see Fig. 4.2. The tilt axis is lying at the intersection of the scattering plane and the sample surface. The resulting diffractogram
is a so-called χ -scan, yielding the preferred orientations of grains diffracting at
the particular length of the scattering vector. The FWHM (full width at half
maximum intensity) of the recorded χ -scans is used as a quantitative measure
of the grain orientation distribution, i.e. the degree of texture. The χ -scans are
equivalent to one-dimensional pole figures [79].
X-ray reflectivity (XRR)
X-ray reflectivity (XRR), also denoted low-angle specular reflectivity or lowangle X-ray diffraction, is carried out basically in the same geometry as the
BBXRD measurements, with the exception of the incidence and exit angle θ being continuously varied only in the range 0.1–5◦ . As discussed in section 4.2.3,
XRR provides information on film thickness, bilayer thickness in multilayers,
electron densities of layers, and interface roughness.

4.2.5 Apparatus
Ex-situ X-ray measurements were performed using a Bruker D8 Discover diffractometer (Bruker AXS GmbH, Karlsruhe, Germany). The water-cooled stationary Cu-anode is bombarded with 40 mA electrons at 40 keV, causing bremsstrahlung and radiation characteristic of the Cu-anode to be emitted. The X-rays
are filtered and focused by means of a Göbel mirror, selecting only Cu-Kα radiation with λ = 1.5418 Å8 to be used for the measurements. The diffracted X-rays
are detected using a scintillator.
8 The

Cu-Kα radiation is the weighted sum of the Cu-Kα 1 (λ = 1.5406 Å, degeneration 4) and
Cu-Kα 2 (λ = 1.5444 Å, degeneration 2) wavelengths.
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In-situ X-ray measurements were carried out at the Rossendorf beam line
(ROBL), located at the bending magnet source BM20 at the European Synchrotron Radiation Facility (ESRF) in Grenoble. A detailed description of the
beam line can be found in Ref. [31]. The synchrotron radiation is generated by
deflecting strongly relativistic electrons (6 GeV) in the field of the bending magnet, providing radiation entering the beam line with a broad energy distribution
in the range 5–35 keV. The incident beam is monochromatized using a Si(111)
double-crystal-monochromator and focused by means of mirrors of Si or Pt (depending on the chosen wavelength). The in-situ deposition chamber is mounted
on a six-circle goniometer, enabling measurements using the scattering geometries described previously. During the measurements, two types of detectors were
used, a scintillator and a one-dimensional position-sensitive detector. Using the
position-sensitive detector for some of the measurements, the time resolution of
the data taking could be improved. By carrying out X-ray measurements repeatedly during film deposition and during subsequent thermal annealing, the
microstructural evolution of deposited thin films could be followed in real-time.

4.3 Nanoindentation
Indentation tests are among the most commonly applied means of testing the
mechanical properties of materials, especially the hardness. The hardness of a
material depends on its reluctance to plastically deform, and it can thus be measured by indentation techniques. In such experiments a load is typically applied
to the material by an indenter, and a hardness value is obtained by dividing the
load by the residual projected area of the indentation. Very shallow indentations
are required for measuring hardness of small volumes of materials, for example
a thin film deposited on a substrate, in order to avoid any influence from the
substrate. This can be obtained by using nanoindentation, which, in addition to
hardness, allows for measurement of Young’s modulus.
In this section the theory of hardness and elastic modulus measurement by
use of nanoindentation is outlined. The description is based on the widely-used
method of Oliver and Pharr [80], which has been applied in the analysis of the
nanoindentation experiments performed in this study.

4.3.1 Theory
The hardness is found from nanoindentation measurements by dividing the applied force, F, by the projected residual area of the resulting indent, A. Instead
of measuring the area of the indent after the nanoindentation procedure, which
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Figure 4.4: A schematic representation of a load-displacement curve showing relevant quantities
used in the analysis of hardness and elastic modulus [80].

can be quite a difficult and time-consuming task due to the submicron indentation, Pethica et al. [81] suggested to continuously measure force and indentation
depth, h. A typical load-displacement curve, resulting from this approach, is
shown in Fig. 4.4. From this depth-sensing indentation the hardness can readily be calculated if the indenter area function, A(h), i.e. the projected area as
function of indentation depth, is known. The hardness is then normally defined
as
Fmax
,
(4.39)
H=
A(hc )
where A(hc ) is the contact area at maximum load, calculated using the contact
depth, hc (the vertical length along which the material fits the indenter). Two
obvious choices for the contact depth are the depth at peak load, hmax (i.e., the
maximum displacement in the loading cycle), and the final depth h f (i.e., the
residual depth of the impression after final unloading). However, due to elastic
deformation and recovery during loading and unloading, respectively, the actual
contact depth has been shown to take an intermediate value. Hence the actual
contact depth has to be determined in order to only take the plastic deformation
into account.
Fig. 4.5 depicts a cross-section of an indentation and defines the parameters
used in the analysis. At peak load, the corresponding maximum displacement
hmax can be expressed as
hmax = hc + hs ,
(4.40)

4.3. Nanoindentation

51

Figure 4.5: A schematic representation of an indentation showing relevant quantities used in the
analysis of hardness and elastic modulus [80].

where hc is the contact depth and hs is the displacement of the surface at the
perimeter of the contact. Depending on the type of indenter used, hs is given
by [80]
Fmax
,
(4.41)
hs = ε
Smax
where ε is a geometric constant related to the type of indenter used9 , and Smax is
the initial unloading contact stiffness defined by
¯
dF ¯¯unloading
Smax ≡
.
dh ¯hmax

(4.42)

The stiffness is thus the slope of the unloading curve evaluated at maximum
displacement. In practice, the stiffness is calculated using the observation that
the unloading data are well-described by a simple power law and can thus be
fitted by the expression
Funloading = α (h − h f )m

(4.43)

where the constants α , h f and m are determined by the fitting procedure. The
stiffness, Smax , is then found by the derivative of Eq. (4.43) evaluated at hmax . The
indentation hardness is thus finally obtained by combining Eqs (4.41), (4.40) and
(4.39).
9ε

= 0.72, 0.75 and 1 for cone-, sphere- and flat-punch-geometry, respectively [80].
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The contact stiffness, S, derived from the slope of the unloading curve, is
related to the Young’s modulus of the sample. This relation is expressed by [80]
√ µ
¶
2 A 1 − νs2 1 − νi2
S= √
+
,
Es
Ei
π

(4.44)

where A is the contact area and E’s and ν ’s are the elastic moduli and Poisson’s
ratios, respectively, of the sample and indenter materials. Note that knowledge of
Poisson’s ratio is required to compute the elastic modulus of the sample material,
Es , from the indentation data.
In order to obtain reliable values of hardness and elastic modulus, the previously mentioned indenter area function, A(h) has to be accurately known. Since
the true indenter shape is never perfectly described by an analytical expression,
A(h) has to be determined experimentally. A practical method commonly used
to determine A(h) is also given by Oliver and Pharr [80]. The indenter area
function is approximated by the series expansion
8

( 1 )i−1

A(hc ) = ∑ Ci hc 2

,

(4.45)

i=0

with the parameters Ci accounting for deviations from the ideal tip area function. The parameters Ci are found experimentally from a series of indentations
in materials with well-known elastic constants, typically fused silica and polycrystalline aluminum.

4.3.2 Apparatus
The nanoindentations and analyses of hardness and Young’s modulus were performed by Dr. Thomas Chudoba at the Advanced Surface Mechanics GmbH,
Rossendorf, Germany. A nanoindenter (UMIS-2000) equipped with a Berkovich
indenter was used. The Berkovich indenter is a three-sided diamond pyramid,
which has an angle of 65.3◦ between the sides and a vertical height, and a
value of the geometric constant of ε = 0.72. The tip area function for an ideal
Berkovich indenter is given by A(hc ) = 24.56h2c , which corresponds to the leading term in Eq. (4.45). The samples were indented using three maximum loads
(1, 3 and 5 mN) and 10-15 indentations were carried out at each load to reduce
the measurement error. The load-displacement curves were averaged and only
the average curve was used to calculate hardness and Young’s modulus. A Poisson’s ratio of 0.25 was assumed for the samples. For the diamond tip the elastic
constants Ei = 1140 GPa and νi = 0.07 were used.
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4.4 Transmission electron microscopy
Transmission electron microscopy (TEM) provides both a direct image and a
diffraction pattern of the specimen. High-energy electrons are used as probe
and imaging of the transmitted electrons reveal information on the sample morphology and structure. Furthermore, through energy analysis of the transmitted
electrons or the emitted characteristic X-rays, information on the chemical composition can be obtained. The main disadvantage of TEM is the destructive approach necessary when preparing a sample for microscopy, which may influence
the microstructure of the sample to be analyzed. In this section, the basic principles of TEM operational modes used in this thesis will be briefly discussed. A
thorough description of theory and practice of TEM techniques can be found in
for example Ref. [82].

4.4.1 Operational modes
Fig. 4.6 presents a schematic diagram of a simple TEM operating in image mode
and diffraction mode, respectively. At the top of the microscope column electrons are emitted from an electron gun and accelerated to an energy typically in
the range 100–300 keV, corresponding to a de Broglie wavelength of λ = 0.037–
0.020 Å, respectively. The electron beam passes through one or more condenser
lenses that focus the beam onto the specimen, which is located inside the objective lens to minimize abberation effects. In order to have the electrons transmitted through the specimen, it has to be very thin to minimize energy absorption
due to inelastic scattering events, i.e. specimen thicknesses are usually limited to
be in the order of 100 nm. On their way through the specimen the electrons are
either diffracted, transmitted without diffraction or inelastically scattered. Due
to the small de Broglie wavelength, the diffraction angles θ as deduced from
2d sin θ = λ are very small, in the order of ∼ 0.5◦ . Because of this, several diffracted rays will be almost parallel to the directly transmitted beam, causing the
diffraction pattern formed in the back focal plane of the objective lens to contain
more diffraction spots than typically obtained by X-ray diffraction techniques.
An aperture placed in the back focal plane of the objective lens is used to select
which parts of the diffraction pattern to be used to create an image of the specimen in the image plane of the objective lens. This image is magnified by the
intermediate and projector lenses onto a fluorescent screen located at the bottom
of the column, see Fig. 4.6(a). The final image shown on the viewing screen will
be rotated with respect to the actual specimen orientation since the lenses are
magnetic coils, the rotation depending on the magnification.
In Bright-Field imaging (BF) only the central direct-transmitted beam is al-
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Figure 4.6: Schematic ray diagrams for a) image mode, and b) diffraction mode in a transmission
electron microscope (TEM) [9].

lowed to pass the aperture placed in the back focal plane of the objective lens.
The resulting image of the specimen will contain bright regions where the electrons have not been diffracted and vice versa for dark regions. This is the actual
situation depicted in Fig. 4.6(a). In Dark-Field imaging (DF) one or more diffracted beams are chosen by means of the objective aperture, which blocks the
direct transmitted beam and the other diffracted beams. The resulting image
shows bright regions from areas of the specimen giving rise to the chosen diffracted beams. DF imaging is especially useful when differentiating between
two diffracting crystalline phases, both yielding similar contrast in BF mode. By
selecting only the diffracted beam from one of the phases, this phase will show
up as bright areas in the image whereby a phase map can be obtained. Grains
with different compositions, structures and crystallographic orientations diffract
differently, exhibiting contrast in both BF and DF imaging mode.
In diffraction mode, Fig. 4.6(b), the diffraction pattern formed in the back
focal plane of the objective lens is projected onto the viewing screen. Since the
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diffraction pattern depends on the lattice parameters of the crystalline phases
and the crystallographic orientation of the diffracting domains, this mode is very
useful in phase identification and in exhibiting textural information. The diffraction pattern from a single crystal can be considered as a planar section of the
reciprocal lattice, i.e. a point S in the diffraction pattern is given by
S = Cq ,

(4.46)

where C is the camera constant found from calibration with a sample with known
lattice parameters, and q is a reciprocal lattice vector. In the case of a randomoriented polycrystalline sample (random-oriented reciprocal lattice vectors), the
resulting diffraction pattern consists of concentric circles with radii S = Cq.
Depending on the information desired, the specimen for TEM can either be
prepared as a plan-view or as a cross-section specimen. In plan-view TEM, the
scattering vector lies approximately in the plane of the thin film thus yielding inplane microstructural information. In cross-section TEM, the scattering vector
is located in the plane of the cross section revealing microstructural information
both in-plane and out-of-plane with respect to the film surface. This method is
especially powerful when investigating for example the microstructure of multilayered samples.
Finally, information on the chemical composition of a sample has to some
extent been obtained by X-ray energy dispersive analysis (EDX), which allows
elemental identification through measurement of characteristic X-ray energies.
The incident energetic electrons knock out core electrons in the sample atoms
causing characteristic X-rays to be emitted due to electron transitions from outer
shells. Identification of light elements (Z ≤ 6) is limited due to absorption of the
X-rays in the thin polymer-window placed in front of the EDX detector.

4.4.2 Experimental
The transmission electron microscope used in this study is a Philips CM20 working at 200 kV, corresponding to a de Broglie wavelength of λ = 0.0251 Å. The
electrons are emitted from a LaB6 cathode.
Plan-view samples were prepared by detaching the thin films from the substrates by dissolving the SiO2 interlayer in hydrofluoric acid. In cases where the
film thickness was too large to effectively allow for the electrons to be transmitted through the sample, the film was additionally thinned by means of low-angle
ion milling using 5 keV Ar+ ions. In order to avoid possible radiation damages from the ion milling, thin films intended for plan-view TEM investigations
were most often deposited with a thickness sufficiently small to allow electron
transmittance.
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In the preparation of cross-section TEM specimens, two pieces of a sample
were glued surface to surface. In order to avoid thermally activated microstructural changes in the films to be investigated, the glue was hardened at room temperature. The sample sandwich was mechanically thinned by dimpling followed
by low-angle Ar-ion milling.

4.5 Atomic force microscopy
In this thesis, atomic force microscopy (AFM) has only occasionally been applied to obtain information on the surface roughness of the thin films, for which
reason the following description of the working principle is very brief. Further
reading on AFM can be found in for example Ref. [83].
AFM uses a force-sensing probe to track sample topography by raster-scanning the probe over the sample surface, thereby producing a topographic map.
The probe used is a very sharp tip mounted at the end of a cantilever, which
can be fabricated with spring constants as low as ∼ 0.01 nN/nm. The tip and
the cantilever are usually made of Si, SiO2 or Si3 N4 . The AFM method used
in this thesis is the constant-force contact mode. Here, the tip is brought into
close proximity (hard contact) with the sample surface causing the cantilever to
bend primarily due to the atomic Coulomb repulsive forces acting between the
tip and the sample. The deflection of the cantilever is measured by focusing a
laser beam on to the back side of the cantilever and detecting the reflected light
by means of a position-sensitive detector. Thereby, the deflection of the cantilever is converted into an electrical signal. When the sample is raster-scanned
underneath the tip (which remains stationary), a user-defined setpoint deflection
(contact force) is maintained by a feedback circuit. The compensative movement of the sample, which is performed by a piezo-electric scanning system, is
recorded during scanning. The recorded x-, y- and z-positions produce a topographic map of the sample surface with a possible resolution close to the atomic
level.

4.5.1 Apparatus
The AFM used in this study is a contact-mode RasterscopeTM 3000 fabricated
by Danish Micro Engineering A/S. Si3 N4 -tips mounted on triangular-shaped Sicantilevers with spring constant 0.06 nN/nm were used. The tip radii were 20–
40 nm, and a constant force of 1.5 nN was applied. Areas of 1 × 1, 3 × 3 and
5 × 5 µ m2 were scanned. The AFM images were plane-corrected and analyzed
by use of the software package SPIPTM [84].
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CHAPTER 5

Nanostructure evolution of Au films

In order to tailor the nanostructure of magnetron-sputtered thin films for specific applications, knowledge of the dependence on the deposition parameters
is essential. This includes an understanding of the mechanisms that control the
formation and the evolution of the nanostructure during film growth and during subsequent processing. In this chapter, in-situ experimental studies of the
temporal evolution of the nanostructure of magnetron-sputtered Au films during
non-epitaxial growth and during subsequent annealing at different temperatures
are presented. Au was chosen as a nanocrystalline model material due to its noble character, reducing the possible influence of oxidation on the evolution of
the nanostructure. In-situ X-ray characterization carried out with synchrotron
radiation enabled real-time studies of the evolution of the average grain size and
microstrain, preferred grain orientation (texture), and the lattice constant (stress).
From the grain size data, activation energies for the growth of the diffracting
domains were extracted, and an activation energy for the rate limiting process
controlling the narrowing of the grain-orientation distribution was found from
one-dimensional pole figures.
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5.1 Introduction
Within recent years several studies of the micro- or nanostructure of nanocrystalline materials have been reported. Special attention has been given to the grain
growth behavior during isothermal annealing and thermal stability [43, 44, 85–
87], and texture evolution [88, 89]. Several investigations have dealt with in-situ
measurements of the structural evolution of as-prepared materials. For example, Krill et al. [44] investigated grain growth in nanocrystalline Fe produced
by mechanical attrition and presented results that indicate two different growth
modes, a linear dependence of the grain size on annealing time below a critical grain size, and a power-law dependence above this critical size. Ederth et
al. [85] studied structural modifications of nanocrystalline Au films synthesized
by advanced gas deposition. By use of in-situ electrical transport measurements,
the activation energy for grain growth was found to depend on the annealing
temperature; this finding was attributed to different pinning mechanisms such
as pores. Also, a limited number of reports on in-situ microstructural investigations during deposition of nanocrystalline films exists. By use of cantilever
techniques, several in-situ measurements of film stress have been carried out
during non-epitaxial film growth (for a review see [38]). As another example,
Rossnagel and Kuan [51] made in-situ investigations of the time development of
microstructure and resistivity for thin Cu films during and following sputter deposition, where room-temperature grain growth and texture changes were among
the findings. Also, using in-situ synchrotron X-ray diffraction, a few studies of
the texture development during non-epitaxial growth of TiN and CrN have been
carried out [90–92]. However, in-situ measurements of the evolution of grain
size, microstrain and texture in nanocrystalline thin films during deposition and
during post-deposition annealing have not been found. The present study was
carried out to investigate the structural evolution of nanocrystalline Au films
during and after magnetron sputter deposition.

5.2 Experimental details
Nanocrystalline Au thin films were deposited by unbalanced DC magnetron
sputtering using the “in-situ deposition chamber” described in section 2.2.1.
The base pressure was approximately 5·10−4 Pa. The liquid nitrogen trap was
not used in the present experiments considering the noble nature of Au. Ar
(99.9996%) was used as the sputter gas at a pressure of 0.6 Pa and a flow rate
of 4 sccm. The Au films were deposited on Si(001) wafers (15×15 mm2 ) with
a ∼ 180 nm thermally grown amorphous SiO2 layer on top. The magnetron DC
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power was 10 W, resulting in a deposition rate of about 7.5 nm/min. The relatively low deposition rate (proportional to the magnetron power) was chosen to
enable a reasonable time resolution of the structure development of the growing
film, and to avoid the substrate temperature increasing considerably during deposition; with the parameters chosen, the substrate temperature typically rose about
2–3◦ C during growth. All films were deposited at room temperature, 0.22Tm ,
with an applied negative substrate bias of −30 V. These deposition parameters
were found experimentally to meet the demands of growing nanocrystalline Au
films. In the rest of this chapter, these deposition parameters are referred to as
the standard deposition parameters. Prior to film deposition, the magnetron target was sputter cleaned for two minutes to clean the target surface of possible
contaminants. The post-deposition thermal annealing was performed without
the ambient sputter gas; i.e. the chamber was evacuated to a total pressure corresponding to the base pressure.
The in-situ X-ray measurements during and after film growth were carried
out at the ROBL beam line [31] located at the ESRF in Grenoble (see section
4.2.5). The incident synchrotron X-ray radiation was monochromatized to the
wavelength λ = 0.945 Å (E = 13.120 keV) in order to monitor the (111) and
(002) diffraction peaks of fcc Au within the restricted window openings of the
growth chamber. By carrying out X-ray measurements repeatedly during film
deposition and during subsequent thermal annealing, the nanostructural evolution was followed in real time. To increase the speed of data taking, the BBXRD
measurements were carried out with a one-dimensional position-sensitive detector (PSD). A scintillator detector was used for the GIXS measurements because
technical difficulties made the application of the PSD impossible in the GIXS
geometry. One-dimensional pole figures, χ -scans, were recorded with the scintillator detector. Due to limited chamber-window openings the range of the tilt
angle χ was |χ | < 17◦ .
The film thickness and the impurity content were measured ex-situ by RBS.
No impurities could be detected in the Au films deposited with the previously
mentioned standard parameters, either as-deposited or after annealing at elevated
temperatures (the detection limit of oxygen, for example, is about 1–5 at.%).

5.3 Results
5.3.1 General observations
Fig. 5.1 shows a typical in-situ Bragg-Brentano X-ray diffractogram (BBXRD)
from a 75 nm Au film deposited at room temperature with a substrate bias volt-
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Figure 5.1: Bragg-Brentano X-ray diffractogram (BBXRD) from a 75 nm Au film deposited with
standard parameters and subsequently annealed for 1 h at 95◦ C (linear background subtracted).
A pseudo-Voigt function is fitted to the peak profile, and the Gaussian and Lorentzian profiles
constituting this function are shown.

age of −30 V (standard deposition parameters) and subsequently annealed at
95◦ C for 1 h. Due to the chamber-window limitations and the X-ray wavelength chosen, it was only possible to record the Au(111) and Au(002) reflections when using the BBXRD scattering geometry. However, only the Au(111)
peak was observed, arising from (111) grains oriented with (111) planes parallel
to the film surface. (In the following, grains with (hkl) planes oriented with a
small or zero angle to the film surface are denoted (hkl) grains.) Ex-situ X-ray
diffraction was carried out with the same film without limitations in the detection range, showing again almost only the Au(111) diffraction peak. Only trace
amounts of the Au(002) and higher-order reflections were observed. The same
one-reflection tendency was the case for all the Au films studied, annealed as
well as as-deposited (data not shown). Shown in Fig. 5.1 are also the Lorentzian
and Gaussian peak profiles, constituting the pseudo-Voigt peak profile, which is
fitted to the data. The integral breadths of the Lorentzian and Gaussian profiles
were used in the calculations of the average grain size (Eq. (4.33)) and microstrain (Eq. (4.34)), respectively, of the (111) grains.
With GIXS diffraction geometry, grains with (111), (200) and (220) crystallographic planes almost perpendicular to the film surface were found. As an
example, typical GIXS X-ray diffractograms obtained from a 75 nm Au film
as-deposited and after 1-h annealing at 125◦ C are shown in Fig. 5.2. The film
was grown with the standard parameters. The GIXS diffractogram was recorded
with X-ray incidence and exit angle θ = 1.8◦ , corresponding to a sufficiently
large X-ray penetration depth in order to probe the entire film thickness. The
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Figure 5.2: GIXS diffractograms from a 75 nm Au film deposited with standard parameters and
subsequently annealed at 125◦ C for 1 h.

grains which gave rise to the GIXS Au(220) signal can largely be attributed to
the (111) grains, i.e. grains with their (111) planes almost parallel to the film surface). On the contrary, the grains yielding the GIXS Au(111) signal, hereafter
denoted (111)* grains, did not coincide with any low-index (hkl) grains, since
only negligible amounts of such grains were observed using the BBXRD geometry. For the same reason, the grains which gave rise to the small GIXS Au(200)
signal, hereafter denoted (200)* grains, did not originate from (002) or (220)
grains. As seen in Fig. 5.2, the intensity of the GIXS Au(111) peak generally
decreased during post-deposition annealing, while the GIXS Au(220) peak increased, indicating thermally induced microstructural changes, for example due
to recrystallization. This effect became more pronounced when the annealing
temperature was raised.

5.3.2 Structure evolution during film growth
Using Bragg-Brentano XRD geometry, the Au(111) peak was recorded repeatedly during the growth of an Au film deposited with standard parameters. Results extracted from these measurements are presented in Fig. 5.3. Generally,
the film thickness was found to increase linearly with deposition time (checked
with in-situ X-ray reflectivity and ex-situ RBS measurements), and a deposition
time of 10 min corresponded to a film thickness of 75 nm. Fig. 5.3(a) shows the
Au(111) peak area as a function of the deposition time. The peak area is found
to increase more than linearly with deposition time (film thickness). After the
film growth was stopped (indicated by the vertical dotted line), the peak area
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Figure 5.3: The Bragg-Brentano
Au(111) diffraction peak measured as a function of deposition
time (∼ thickness) during growth
of an Au film deposited with standard parameters. The total deposition time was 25 min, corresponding to a film thickness of 190 nm
(7.5 nm/min). (a) The peak area
vs deposition time; (b) the grain
size and the microstrain, respectively, vs deposition time; (c) the
deviation of the out-of-plane lattice constant from the tabulated
Au lattice constant 4.078 Å [93]
vs deposition time.
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kept constant. Since the peak area is proportional to the total diffracting volume
of (111) grains, the peak area is expected to grow linearly with film thickness,
ignoring other microstructural growth effects. That is, the actual peak-area behavior indicates a non-static microstructure evolution during film growth. In
Fig. 5.3(b) the average grain size1 and microstrain, respectively, of the (111)
grains are shown as a function of deposition time. During growth, the grain
size is seen to increase with film thickness (according to a power law with exponent 0.44), with the rate leveling off with increasing thickness. During the
first few minutes of growth, the grain size equalled the film thickness. When
the deposition was stopped, the grain size stayed constant, that is, no significant post-deposition grain growth was observed at room-temperature annealing.
During the first few minutes of film deposition, the microstrain decreased drastically, whereafter it stayed almost constant throughout the subsequent growth.
Concurrently with the initial rapid decrease in microstrain, the grain size more
than doubled. The out-of-plane lattice constant is displayed in Fig. 5.3(c) as the
deviation, ∆a = a−ao , from the tabulated Au lattice constant, ao = 4.078 Å [93].
Assuming the normal Poisson effect, i.e. a decrease in the out-of-plane lattice
1 Remind, the average grain size extracted from the peak-profile analysis is actually the average

size of the coherently diffracting domains.
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Figure 5.4: The GIXS Au(111)
diffraction peak measured as
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Au film deposited with standard
parameters. The total deposition
time was 10 min, corresponding
to a film thickness of 75 nm. (a)
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constant results in an increase in the in-plane lattice constant and vice versa, a
decrease (increase) in the out-of-plane lattice constant corresponds to the biaxial
stress in the film changing in the tensile (compressive) direction. Here and in
the following, zero stress is for convenience assumed to correspond to the lattice
constant being the tabulated value. As seen in Fig. 5.3(c), during the first few
minutes of deposition, the out-of-plane lattice constant decreased, corresponding
to the development of a tensile contribution to the film stress. During the subsequent growth, the compressive stress increased, reached a maximum and then
slightly decreased again. The decrease continued, but slowly leveled off after
deposition was stopped.
The GIXS Au(111) diffraction peak was also recorded repeatedly during
growth of a 75 nm film deposited with the standard deposition parameters (Fig.
5.4). The incidence and exit angle θ was 1.8◦ , corresponding to a relatively large
penetration depth, in order to probe the fully grown film. Fig. 5.4(a) shows the
peak area as a function of deposition time. The peak area is seen to increase less
than linearly with time of growth (following approximately a square root dependence), which is in contrast to the observation in Fig. 5.3(a) of the Au(111) peak
measured with BBXRD. When growth stopped, the GIXS Au(111) peak area
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stayed constant, indicating no changes in the diffracting volume after growth (as
in Fig. 5.3(a)). The FWHM (full width at half maximum) of the GIXS Au(111)
peak vs deposition time is displayed in Fig. 5.4(b). Due to much lower counting rate when using the GIXS geometry without a position-sensitive detector, it
was not possible to analyze the GIXS diffraction peaks in order to extract the inplane average grain size and microstrain, for which reason the FWHM is shown
instead. The FWHM is seen to decrease during growth, suggesting an increase
in the average in-plane grain size and/or a decrease in microstrain. When the
growth was stopped, the FWHM apparently kept constant. Fig. 5.4(c) shows
the deviation of the in-plane lattice constant from the tabulated Au lattice parameter. A smaller (larger) in-plane lattice constant corresponds to the film stress
changing in a more compressive (tensile) direction. Similar to the conclusions
made from Fig. 5.3(c), the film was generally in a compressive state of stress,
changing in the tensile direction during the first minute of growth, after which it
became more compressive.

5.3.3 Structure evolution during thermal annealing
After growth, four 75 nm Au films deposited with standard parameters were
annealed in situ for 1 h at temperatures 95, 125, 150 and 215◦ C, respectively.
During annealing, the Au(111) BBXRD peak was monitored. As an example,
the 150◦ C data are shown in Fig. 5.5. The peak area (Fig. 5.5(a)) increased drastically during the first 10 min of annealing, with the rate of change leveling off
at further annealing. This corresponds to a substantial increase in the volume of
grains fulfilling the diffraction condition. The peak area kept constant when the
temperature was lowered again. Fig. 5.5(b) shows the out-of-plane grain size/the
size of the coherently diffracting domains (CDDs)2 and microstrain, respectively,
vs annealing time. Within the first few minutes, the microstrain strongly decreased to a smaller, constant value, while, concurrently, the size of the CDDs
increased very fast. The rate of increase of the grain size leveled off at longer
annealing times. The out-of-plane lattice constant, shown again as the deviation
from the tabulated Au lattice constant (Fig. 5.5(c)), changed during annealing.
When the temperature was ramped up to the annealing temperature, the lattice
constant increased due to thermal stress. Since the thermal expansion coefficient
is larger for Au compared to Si (substrate), the thermal stress induced is expected
to be compressive, which is indeed the case. During subsequent annealing, the
lattice constant decreased, i.e. the compressive stress relaxed, with the rate of
change leveling off at prolonged annealing times.
2 See

page 43 for a discussion of grain size/coherently diffracting domains.
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Figure 5.5: The BBXRD Au(111)
diffraction peak was monitored
during annealing for 1 h at 150◦ C
of a 75 nm film deposited with
standard parameters. (a) The peak
area and temperature, respectively,
vs annealing time; (b) the grain
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time.
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The kinetic grain-growth models outlined in section 3.1.4 were fitted to the
the grain size data. None of these models turned out to describe the data well,
which indicates that some other mechanisms than the ones assumed in the most
commonly applied grain-growth models contribute to the grain growth behavior.
Two activation energies for the growth of the CDDs were derived from the
curves of the average grain size (CDDs) vs annealing time, Fig. 5.5(b), and similar curves for the various annealing temperatures. The “initial slopes”, dD
dt , used
to obtain the activation energies Q30 and Q37 , are defined as the slopes of the
tangents of the curves evaluated at D = 30 nm and D = 37 nm, respectively. If
D represents the grain size, the initial growth rate (or grain boundary velocity) is
normally found to be proportional to the expression T −1 exp(−Q/kB T ), where
T is the annealing temperature [32, 44]. This is indeed the case for the “initial
slopes”. If, on the other hand, D does not represent the actual grain size, but the
size of the CDDs, the “initial-slope” temperature-dependence can be assumed to
be proportional to exp(−Q/kB T ) and not T −1 exp(−Q/kB T ). Again the data are
well described by this temperature dependence. In fact, the factor T −1 in front of
the exponential does not significantly change the derived activation energy, for
which reason the temperature dependence T −1 exp(−Q/kB T ) has been used to
derive both activation energies. Thus, to derive the activation energies, two Arrhenius curves, the logarithm of the product of the annealing temperature T times
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Figure 5.6: Two Arrhenius plots with the “initial slopes”, dD
dt , obtained at the grain sizes (CDD)
30 nm and 37 nm, respectively. The logarithm of the product of the annealing temperature T
times the “initial slope” dD
dt as a function of the reciprocal of kB T , is plotted together with the
corresponding fitted lines.

the “initial slope” dD
dt are plotted as a function of the reciprocal of kB T (Fig. 5.6).
From the slopes of the fitted lines, the activation energies Q30 = 0.25 ± 0.03 eV
and Q37 = 0.99 ± 0.04 eV were calculated.
After growth with standard deposition parameters, a 75 nm Au film was
annealed for 1 h at 143◦ C. During annealing, the GIXS Au(111) diffraction
peak was monitored. The data are displayed in Fig. 5.7. During annealing at
elevated temperatures, the GIXS Au(111) peak area (Fig. 5.7(a)) decreased, the
rate of decrease leveling off at longer annealing times. This is in contrast to the
behavior of the BBXRD Au(111) peak area, which increased with annealing time
(Fig. 5.5(a)). The decreasing peak area is equivalent to less volume fulfilling the
diffraction condition, suggesting structural changes. As shown in Fig. 5.7(b), the
GIXS Au(111) peak narrowed as a function of the annealing time, indicating an
increasing in-plane grain size and/or a reduction of the microstrain. Finally, the
in-plane lattice constant, shown again as the deviation from the tabulated lattice
constant (Fig. 5.7(c)), was almost constant during annealing.
With θ /2θ kept fixed at angles corresponding to standard Bragg-Brentano
diffraction from Au(111) lattice planes, in-situ χ -scans (one-dimensional pole
figures) were carried out in order to investigate the angular distribution of the
(111) planes with respect to the film surface. Fig. 5.8 displays the results of
such χ -scans, carried out with 45 nm films deposited with standard parameters,
one film as-deposited and three films annealed for 27 minutes at 53◦ C, 75◦ C
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Figure 5.7: The GIXS Au(111)
diffraction peak recorded during
annealing for 1 h at 143◦ C of a
75 nm Au film deposited with standard deposition parameters. The
incidence and exit angle was 1.8◦ .
(a) The peak area and annealing
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and 97◦ C, respectively. The plotted intensity is equivalent to the integrated peak
area of the Bragg-Brentano Au(111) diffraction peak vs sample tilt χ . As seen,
the Au(111) peak intensity increased with increasing annealing temperatures,
while the width of the χ -scans decreased, corresponding to narrowing of the
grain orientation distribution, i.e. the angles between the (111) planes and the
film surface became smaller. The width (χ -scan FWHM) of the grain orientation distribution of the as-deposited film measured immediately after deposition
was 14.2◦ , while post-deposition annealing at elevated temperatures resulted in
widths of 13.0◦ (53◦ C), 11.8◦ (75◦ C) and 9.7◦ (97◦ C). Similar results were obtained from χ -scans recorded ex situ (not shown), where the tilt angle could be
varied in the range |χ | < 80◦ without the chamber-window limitations of the insitu deposition chamber. These measurements also confirmed that the χ -scans
did not depend on the in-plane rotation angle.
To further investigate the mechanism(s) controlling the narrowing of the
grain orientation distribution, i.e. the evolution of the h111i fiber texture, the
time development of the narrowing was monitored. Fig. 5.9 (left) shows the
FWHM of the grain orientation distributions (χ -scans) as a function of the time
elapsed after depositions stopped. The first 120 min after deposition, the films
were kept at room temperature (the deposition temperature), after which the tem-
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Figure 5.8: Au(111) in-situ χ -scans (∼ grain-orientation distributions) from 45 nm Au films deposited with standard deposition parameters. The four scans corresponds to one film as deposited
and three films annealed for 27 minutes at 53◦ C, 75◦ C and 97◦ C, respectively.
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Figure 5.9: Left: The FWHM of orientation distributions vs the time elapsed after the depositions
stopped. The 45 nm Au films were kept at room temperature (the deposition temperature) the first
120 min, after which the temperature was raised to 53◦ C, 75◦ C and 97◦ C, respectively. Right:
Arrhenius plot – log(initial rate of change of χ -FWHM) vs the reciprocal of kB T .

perature was raised to 53◦ C, 75◦ C and 97◦ C, respectively. The vertical, dashed
lines indicate the times when heating to the annealing temperature started and
was reached. The rate of change of the FWHM of the grain orientation distributions is clearly seen to increase with annealing temperature. The expression
χ -FWMH = a exp(− t−b
τ ) + c, where a, b, c and τ are constants, was fitted to
the curves of the χ -FWHM vs elapsed time after deposition, t. (The fits are indicated in the figure). Assuming that the orientation-distribution narrowing is
a thermally activated process, the initial slope, a/τ , of the various fitted curves
was set to be equal to k0 exp(−Q/kB T ), where Q is the activation energy for
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the texture change, k0 is a constant, kB is Boltzmann’s constant and T is the annealing temperature. An activation energy for the process of texture change of
Q = 0.64 ± 0.05 eV was obtained from the Arrhenius plot in Fig. 5.9 (right),
showing log(initial rate of change of χ -FWHM, a/τ ) as a function of (kB T )−1 .

5.4 Discussion
With the parameters chosen for the deposition of nanocrystalline Au thin films,
only grains with low-index lattice planes parallel and perpendicular to the film
surface were detected using BBXRD and GIXS diffraction geometries, respectively. With BBXRD geometry, only (111) grains were observed (Fig. 5.1), i.e.
a predominating (111) texture is clearly present. This (111) texture most likely
originated from the low surface energy associated with (111) grains, which often
determines the preferred crystallographic orientation in fcc metals [34]. Additionally, with GIXS geometry, also so-called (111)* and (200)* grains were
identified (Fig. 5.2), which correspond to grains having (111) and (200) planes
oriented almost perpendicular to the film surface, but without having low-index
crystallographic planes parallel to the surface.

5.4.1 Grain size and microstrain evolution
After growth of 75 nm Au films deposited with standard parameters, the grain
size evolution of the (111) grains was monitored during thermal annealing at various temperatures. As an example, Fig. 5.5(b) shows the 150◦ C annealing data.
Within the first few minutes of the annealing period, the microstrain drastically
decreased while, concurrently, the grain size (size of CDDs) rapidly increased.
From the curves D vs annealing time, two activation energies were calculated
(Fig. 5.6); Q30 = 0.25 eV was obtained by analyzing the initial part of the curves,
while Q37 = 0.99 eV reflects the growth of the CDDs after some time of annealing. The different activation energies show that different mechanisms control
the growth of the CDDs at the very beginning of the annealing period and after
some annealing has taken place. The Q30 activation energy is close to the activation energy typical for self-interstitial diffusion in fcc metals [94]. This indicates
that the initially dominating mechanism responsible for the increasing size of
the CDDs is thermal annealing of lattice defects. Probably, the initial decrease
in microstrain is also controlled by the Q30 activation energy. The Q37 activation
energy, on the other hand, is close to the activation energy reported for grainboundary self-diffusion in microcrystalline Au, Q = 0.88 eV [95], which should
also be the activation energy for grain growth in Au [43]. Therefore, we assume
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that the CDDs coincide with the grains in the film after some time of annealing,
and Q37 is the activation energy for actual grain growth. Krill et al. [44] studied the grain growth of ball-milled nanocrystalline Fe during annealing, where
a similar initial rapid jump of the size of the CDDs was observed. Also in this
case, the initial jump coincided with a substantial decrease in microstrain, which
they attributed to a decreasing dislocation density. However, due to limited time
resolution, they were unable to follow the initial change of size of the CDDs
in time. A similar grain-growth study of nanocrystalline Fe prepared by pulsed
electrodeposition was made by Natter et al. [86]. They also found a very rapid
microstrain relaxation and a significant increase in apparent grain size taking
place simultaneously during the initial time of annealing at elevated temperatures. They attributed this relaxation to irreversible, local, single-atomic jumps
in the grain boundaries by which the interfacial pressure on the grains reduced,
lowering the driving force for grain growth.
As seen in Fig. 5.3(b), the out-of-plane size of the CDDs stayed constant
after the deposition was stopped, for which reason the increasing size during deposition was associated with the dynamic growth process and was not of thermal
origin. Along with the increasing size of the CDDs, also an increase in the grain
size is expected [34]. No apparent room-temperature growth or “self-annealing”
of the CDDs is observed after deposition on the time scale monitored, although
there must be a thermodynamic driving force for an increase in the average grain
size in order to reduce the total grain-boundary area. This apparent lack of grain
growth after deposition also counts for the in-plane grain size as indicated from
the constant GIXS Au(111) peak width, Fig. 5.4(b). However, similar Au films,
deposited in the ex-situ chambers and subsequently kept at room temperature for
about a month, showed a small increase in the apparent grain size (up to about
10% of the initial size) accompanied by a small decrease in the microstrain (not
shown). This can probably be attributed to the defect annealing process and the
thereby increasing size of the CDDs as revealed by the in-situ annealing experiments described above.

5.4.2 Stress evolution
The film-stress evolution was monitored by measuring the out-of-plane lattice
constant vs time of growth, Fig. 5.3(c). A decrease (increase) in the out-of-plane
lattice constant corresponds to a change in stress in the tensile (compressive) direction. Initially, the film is in a relatively compressive state of stress, which was
probably due to the dynamic deposition process, with energetic atomic species
hitting the growing film surface [52]. Within the first few minutes of growth, the
compressive stress was significantly reduced, corresponding to a tensile contri-
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bution, which most likely could be attributed to coalescence of initially formed
islands. This phenomenon is well established [38,96]. After the coalescence, the
compressive stress first increased, went through a maximum, and then slightly
decreased again. The compressive stress continued to relax after the deposition
had stopped. Identical stress-evolution tendencies were seen when monitoring
the in-plane lattice constant during and after growth, Fig. 5.4(c).
During annealing at 150◦ C, significant stress relaxation was observed, Fig.
5.5(c). Similar stress-relaxation behavior was seen for films annealed at temperatures 95◦ C, 125◦ C and 215◦ C. However, due to different internal stress states
(thermal induced stress) during annealing at the various temperatures, activation
energies for the relaxation process could not be extracted from the data.

5.4.3 Texture evolution
The initial more than linear increase in the area of the (111) diffraction peak with
film thickness during deposition, Fig. 5.3(a), may be explained by change of texture with time of growth [34, 97], i.e. the ratio of (111) grain-volume increases
relative to grains having other crystallographic orientations with respect to the
surface when the thickness increases. This can also explain the fact that the rate
of increase in (111)* grain-volume levels off during growth, as indicated in Fig.
5.4(a). No significant texture change seemed to take place at room temperature
on a relatively short time scale (with in about 15 minutes) after the deposition
had stopped, as seen in Figs 5.3(a) and 5.4(a). However, monitoring the width
of the grain orientation distributions for about 2 h after the deposition stopped
(Fig. 5.9), with the films kept at room temperature, revealed a slightly decreasing χ -FWHM, indicating small texture changes taking place only very slowly
at room temperature. Texture changes of purely thermal origin as the ones observed after the deposition stopped cannot account for the significant changes
observed during growth. That is, the observed texture changes during the deposition process seem to be mainly due to the kinetics of the growth process,
possibly as a result of favored growth of the (111) grains at the expense of, for
instance, the (111)* grains driven by surface energy minimization. This conclusion is further supported by the fact that the width of the (111)-grain orientation
distribution was found to narrow with deposition time (not shown), i.e. the (111)
texture sharpened with increasing film thickness [98, 99].
The significant increase in the BBXRD Au(111) peak area, which took place
during annealing, Fig. 5.5(a), can at least partly be explained by texture changes.
As seen in Fig. 5.8, showing (111)-grain orientation-distribution measurements,
the grain-orientation distribution narrowed by small changes in the orientation
of the individual grains, whereby the maximum intensity of the BBXRD (111)
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reflection increased. Small changes in the orientation of individual grains might
also account for the concurrent decreasing GIXS Au(111) peak area, if the crystallographic orientation of the (111)* grains changed towards the one of the (111)
grains. However, recrystallization of (111)* grains into (111) grains may also
contribute to simultaneous increasing the BBXRD Au(111) and decreasing the
GIXS Au(111) peak intensities. Finally, the previously mentioned thermal annealing of defects (initial drop in microstrain) probably also contributed to the
increasing BBXRD Au(111) peak area, as the χ -scan (grain-orientation distribution) peak-amplitude increased more than could be explained solely by the
narrowing widths.
Based on real-time measurements of the narrowing of the orientation distributions, an activation energy for the process of 0.64 eV was obtained, Fig.
5.9. Relatively low annealing temperatures were necessary in these measurements in order to ensure a reasonable time-resolution, as the narrowing-process
proceeded very rapidly at higher temperatures (above 100◦ C). The activation
energy is fairly close to the previously mentioned reported value of the activation energy for grain boundary self-diffusion in microcrystalline Au, which
is 0.88 eV [95]. It is not well established whether the grain-boundary structures of micro- and nanocrystalline grains are similar [1, 5], but the curvatures
are higher in nanocrystalline grains. Therefore, the activation energy for grain
boundary self-diffusion is probably smaller in nanocrystalline films than in microcrystalline films [100]. Hence, the “low” activation energy of 0.64 eV may
reflect diffusion in the grain boundaries in our films (the as-deposited apparent
grain size in the films used for the grain orientation study were about 20 nm).
This circumstance and the narrowing grain orientation distribution point to grain
rotations as a possible mechanism for the changes in texture. The usual rationale for the (111) texture development in fcc metals on amorphous substrates is
the grain growth driven by the low surface and interface energies of grains with
(111) texture (unless the strain energy is dominating) [34]. However, as discussed in section 5.4.1, significant grain growth did not take place at the lower
film temperatures3 , on the time scale where the changes of the grain orientation
distributions were observed.
Grain rotations have for example been observed in thin, fine-grained, columnar, h111i textured Au films by Harris et al. [50]. Transmission electron microscope observations during annealing of Au films revealed that individual grains
constantly rotate around the film normal in a random way. Harris et al. assumed
3 Note,

the initial rapid increase in “grain size´´ displayed in Fig. 5.5(b) was attributed to
increase in the size of the CDDs caused by thermal annealing of defects. After some time of
annealing the CDDs coincide with the grains, and grain growth is observed at a much lower
growth rate.
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that the rate of grain rotations was limited by grain boundary diffusion, i.e. the
activation energy for self-diffusion in grain boundaries is equal to the activation
energy for the process of orientation-distribution narrowing. Performing a theoretical analysis of the grain-rotation kinetics, they obtained very good agreement
between observed and predicted rates and found that the rotation rate is expected
to depend very strongly upon the grain size. More precisely, the rotation rate
was found to be proportional to D−4 . The grain rotations observed by Harris et
al. all occurred around an axis parallel to the film normal. However, they state
that “fully enclosed grains in bulk polycrystalline material may also undergo the
type of grain rotation described here, although it would be very much harder to
detect, and may be somewhat less rapid.” [50].
Grain rotations of fully-enclosed grains have actually been observed during
in-situ transmission electron microscopy investigations of nanocrystalline Ni3 Al
thin films performed by Ng and Ngan [101]. Rapid grain rotations in order
to achieve crystallographic alignment were observed prior to grain coalescence
and subsequent abnormal grain growth. They connect the driving force for the
texture change to small rotations of the individual grains in order to minimize
the grain-boundary energy. This type of grain-rotation-induced grain growth as a
possible mechanism of microstructure evolution is also supported by moleculardynamics simulations performed by Haslam et al. [49].
The texture evolution seen in the present study of nanocrystalline Au films
during post-deposition annealing seems to be controlled by several mechanisms.
Initially, grain rotations, narrowing the grain-orientation distribution, and thermal annealing of lattice defects, increasing the size of the CDD, cause the intensity of the BBXRD (111) reflection to increase significantly. Following this, at a
much lower rate, the microstructure develops mainly due to grain growth and/or
recrystallization. We suggest that the found activation energies associated to the
grain rotation process (0.64 eV) and grain growth (0.99 eV), respectively, reflect diffusion in the grain boundaries. The different values may be explained
by changes in the grain boundary structure — from relatively open, high-angle
boundaries towards denser, small-angle boundaries.

5.5 Summary
With the deposition chamber specifically designed for in-situ synchrotron Xray measurements on thin films, during growth and subsequent processing, the
nanostructure evolution of magnetron-sputtered Au thin films was experimentally studied in real time. A considerable part of the data treatment involved diffraction-peak profile-analysis in order to determine the apparent average grain
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sizes and microstrains.
With BBXRD geometry, only (111) grains were observed, i.e. a predominating (111) texture was present. In the GIXS geometry also so-called (111)* and
(200)* grains were identified. The concentration of (111) grain volume increased
with deposition time relative to other crystallographic orientations, indicating a
favored growth of the (111) grains with film thickness, which is probably driven
by interface-energy-minimization. The grain growth during deposition was associated with the dynamic growth process and was not of thermal origin. Annealing the films at elevated temperatures caused the size of the coherently diffracting domains to further increase. The initial, rapid increase may be caused by
annealing of lattice defects (with an activation energy found to 0.25 eV), while
the subsequent, slower growth, may be associated to normal grain growth (with
an activation energy found to 0.99 eV).
The (111) texture changed both during film growth and during subsequent
thermal annealing. During growth, probably, the texture change was due to the
previously mentioned volume-increase of the (111) grains relative to the (111)*
grains. During annealing several mechanisms seemed to cause the texture to
evolve. Initially, at a relatively high rate, grain rotations narrowed the grainorientation distribution — an activation energy for this process was found to
0.64 eV. Following grain rotations, grain growth and/or recrystallization caused
the (111) texture to enhance further.
Finally, within the first few minutes of growth, the compressive film stress
was strongly reduced due to a tensile contribution arising from the coalescence
of the initially formed islands. During annealing, stress relaxation was also observed.

75

CHAPTER 6

Nanostructure evolution vs bias voltage

It is well known that the structure of magnetron sputter deposited films depends
strongly upon the operational parameters such as the gas pressure, temperature,
target power and substrate bias voltage. As already mentioned in previous chapters, studies of nanocrystalline materials are motivated by the importance of understanding and controlling the processes and mechanisms that determine the
micro- or nanostructure in order to tailor the materials for specific applications.
Of crucial importance to the application of nanocrystalline materials is the thermal stability of the nanostructure, since grain growth and other microstructural
changes may deteriorate the desirable properties of the materials.
In this chapter experimental results regarding the influence of the substrate
bias voltage on the structural evolution and thermal stability of nanocrystalline
Cu, Ag and Au thin films are presented. By in-situ X-ray diffraction measurements, the evolution of the grain size, texture and lattice parameter was
followed during thermal annealing of films deposited with different bias voltages. Furthermore, ex-situ X-ray analyses, TEM, and RBS were used to gain
additional structural and compositional information. Generally, increasing the
bias voltage resulted in a smaller as-deposited grain size, and the rate by which
structural changes took place during post-deposition annealing decreased significantly. That is, the thermal stability of the nanostructure (grain size, texture) was
found to depend sensitively on the bias voltage. Finally, the activation energy for
grain growth in the nanocrystalline Cu films was determined.
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6.1 Introduction
Extensive investigations in recent years have indicated that the thermal stability
and the underlying mechanisms of structural evolution in nanocrystalline materials are not only associated with grain growth kinetics, but also related to
other microstructural parameters such as the porosity, impurities, grain size distribution, texture and microstrains; parameters which may all be affected in the
processing steps of nanocrystalline thin films [102]. The high stored energy in
the numerous grain boundaries results in a significant driving force to reduce the
total grain boundary energy or induce grain growth, which thus may take place
even at room temperature. However, contrary to expectations, in most nanocrystalline materials, whether metals or compounds, onset temperatures for grain
growth have been found to be relatively high, which is argued to be due to specific structures and compositions of the grain boundaries as a result of the method
of synthesis [4]. Although the onset temperature for grain growth is dependent
on the method of synthesis, it has been found that the activation energy for grain
growth is nearly always close to the one of grain-boundary self-diffusion [43].
Several reports dealing with the microstructure of Cu films exist, one of the
reasons being the great interest for using Cu as interconnection material in microelectronics. Here, for example, grain growth and thermal stability are critical parameters for the reliability of the interconnection lines. Detavernier et
al. [103] observed room-temperature grain growth in sputter-deposited Cu films,
which was found to be very dependent on the deposition parameters (substrate
temperature and sputter gas pressure) and hence on the microstructure of the asdeposited films. They discussed the results in terms of zone-structure models for
sputter deposition [55, 56] (see section 3.3), and the observed room-temperature
grain growth was found only to occur in films with zone T microstructure. Detavernier and Rossnagel et al. [104] studied room-temperature grain growth in both
electroplated and sputter-deposited Cu films. They suggested that “the speed at
which the grains are observed to grow can only be explained quantitatively by
taking into account the defect density within the as-deposited grains” [104]. The
defects, which were considered, were vacancies, stacking faults and dislocations.
The as-deposited defect density was believed to be the main driving force that
enabled structural changes at room temperature, regarding the very small grains.
This explains why room-temperature grain growth took place only in film with
the defect-rich zone T microstructure. In films with the zone 1 microstructure,
grain growth is inhibited by the porous structure, while in films with zone 2
microstructure, the driving force for grain growth is small due to low defect
concentrations. Detavernier et al. [103] achieved an as-deposited zone T microstructure through bombardment of the growing film with energetic particles
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(by using a low sputter-gas pressure) and a low substrate temperature. Under
these conditions it is likely that defects get quenched into the growing film during deposition.
Within recent years, a few studies of microstructural modifications of Ag
thin films due to bombardment of energetic particles have been reported. For
example, Huang et al. [105] observed that the grain size in sputtered Ag films
decreased and the defect concentration increased, if, during growth, an energetic
ion flux from an ion gun was directed towards the film. They suggested that
the ion bombardment disrupted the film growth process. Chiu and Barber [89]
investigated the texture development in ionized magnetron-sputtered Ag films,
and showed that the (111) texture was sensitively dependent on the product of the
ion flux and the ion energy; low ion bombardment (< 250 eV per atom) increased
the (111) texture, which was ascribed to enhanced atomic mobility and formation
of low-energy lattice planes. Finally, to evaluate the thermal stability of Ag
interconnect lines, grain growth in Ag has also been studied, see for example
Refs [87, 106]. However, we are not aware of any other studies on the influence
of the substrate bias voltage on the speed of grain growth in magnetron-sputtered
Cu, Ag or Au thin films.

6.2 Experimental details
Nanocrystalline Cu and Ag films were synthesized in the in-situ sputter deposition chamber (section 2.2.1), by use of 99.999% Cu and 99.99% Ag targets, respectively. The base pressure was better than 9·10−5 Pa, and Ar (99.9996%) was
used as the sputter gas at a pressure of 0.5 Pa and a constant flow rate of 4 sccm.
The films were deposited on Si(001) wafers with a ∼ 100 nm thermally grown
amorphous SiO2 layer on top. Silicone heat-conducting paste was applied to the
back of the substrate to ensure good thermal contact. All films were deposited
at room temperature, corresponding to 0.22Tm (Cu) and 0.24Tm (Ag). Different
negative substrate bias voltages in the range from −50 to −250 V were applied
in order to investigate the influence of ion bombardment on the film nanostructure. During deposition, the substrate temperature typically increased by 1–2◦ C.
Post-deposition annealing treatments were performed without the ambient sputter gas; i.e. the chamber was evacuated to a total pressure similar to the base
pressure.
The Cu films were deposited with negative bias voltages of −75, −150,
−250 V. The magnetron DC power was 30 W, except when the deposition was
carried out with a bias voltage of −250 V, in which case the power was 40 W.
The larger power was chosen to compensate for increased resputtering which,
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however, did not turn out to be significant. With a power of 30 W, the resulting
deposition rate was about 11 nm/min (13 nm/min at 40 W, −250 V). The film
thicknesses were 110–130 nm, as found from RBS measurements.
The Ag films were deposited with negative bias voltages of −50, −150,
−250 V, using a DC power of 10 W and a total deposition time of 15 min. The
deposition rate was on average 7 nm/min, somewhat dependent on the applied
bias voltage due to enhanced resputtering of the growing film with increased bias
voltage. The film thicknesses were about 100 nm.
The in-situ X-ray measurements during and after film growth were carried
out at the ROBL beam line [31] at the ESRF in Grenoble (see section 4.2.5).
In order to bring the relevant Bragg peaks into the window openings, the incident X-ray radiation was monochromatized to the wavelength λ = 0.960 Å (E =
12.915 keV) when investigating the Cu films, and λ = 0.950 Å (E = 13.051 keV)
in the case of Ag films. By carrying out repeated X-ray measurements (BBXRD,
χ -scans) during film deposition and during subsequent thermal annealing, the
nanostructural evolution was followed in real time. However, as the Ag films
had a relatively broad (111) grain orientation distribution, it was not possible to
record χ -scans in-situ, due to the chamber-window limitations. Complementary
ex-situ χ -scans and BBXRD measurements were carried out (no window limitations), and the impurity content was revealed by RBS. Finally, the microstructure
was investigated by plan-view TEM.
Nanocrystalline Au films were grown in the “one-magnetron ex-situ deposition chamber” described in section 2.2.2. The deposition conditions were almost
identical to the ones of the Ag film deposition, with the only exception being different film thicknesses, since some of the films were deposited with a sufficiently
small film thickness to allow for transmission of the electron beam in the TEM.
This was done to avoid Ar ion milling and thereby possible radiation damage of
films to be used for TEM investigations. The Au films were deposited at room
temperature (0.22Tm (Au)) with various bias voltages in the range from −50 to
−300 V.

6.3 Nanostructure of Cu films vs bias voltage
In this section, results are presented of an experimental study on the influence
of the substrate bias voltage on the structural evolution and thermal stability of
nanocrystalline Cu thin films.
Fig. 6.1 shows the RBS spectra from two Cu films on SiO2 /Si deposited
with substrate bias voltages of −75 V (110 nm) and −250 V (130 nm). From
analyses of the RBS spectra, it was found that the Cu films deposited with bias
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Figure 6.1: Log-scale plot of the RBS spectra from two Cu films on SiO2 /Si deposited with
substrate bias voltages of −75 V (110 nm) and −250 V (130 nm). An Ar impurity content of
maximum 0.5 at.% is observed in the −250 V film. The small Si signal originates from surface
contamination of the Cu films by silicone heat-conducting paste.

voltages of −75 and −150 V contained only trace amounts of Ar, if any. On
the contrary, films deposited with a bias voltage of −250 V seemed to have a
small Ar content of maximum 0.5 at.% distributed throughout the film. No other
impurities could be detected in the films. The small Si peak identified on the RBS
spectra corresponds to Si on the surface of the Cu film, which can be attributed
to surface contamination originating from the applied silicone heat-conducting
paste.
Generally, as observed by ex-situ BBXRD measurements, all the as-deposited
Cu films had a strong h111i fiber texture, that is, a strong (111) reflection and
a much weaker (002) reflection were always observed. Typical ex-situ X-ray
diffractograms are shown in Fig. 6.2. The diffractogram, indicated by filled
squares, originated from a Cu film deposited with a bias voltage of −75 V and
afterwards annealed at 43◦ C for 2 h. The open-circle diffractogram originated
from a film deposited with a bias voltage of −250 V and subsequently annealed
at various temperatures. However, the diffractogram of the −250 V film did not
change significantly during the various annealing treatments (see Fig. 6.5). The
(111)/(002) peak-area ratios were 9.4 (−75 V) and 22.4 (−250 V), indicating a
strong h111i fiber texture in both samples (the ratio being 2.2 for a Cu powder).
The (111)/(002) peak-area ratio increased with increasing bias voltage.
Due to window limitations and in order to get a reasonable time resolution,
only the (111) diffraction peak was monitored during the in-situ measurements
and the small (002) peak was neglected. Furthermore, in the present study,
the (111) BBXRD peak profiles were always found to be very close to purely
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Figure 6.2: X-ray diffractograms (BBXRD) from two Cu films: (¥) deposited with a bias voltage
of −75 V and afterwards annealed at 43◦ C for 2 h; (◦) deposited with a bias voltage of −250 V
and subsequently annealed 150 min at 41◦ C, 50 min at 71◦ C, 100 min at 93◦ C and finally 30 min
at 151◦ C.

Lorentzian. Thus, the microstrain, as extracted from the peak-profile analysis
(see section 4.2.2), was negligible. For this reason the peak broadening was
assumed to be originating solely from finite grain sizes.
Fig. 6.3 gives an overview of the nanostructural evolution with time of a
Cu film deposited with a bias voltage of −75 V. During various heat treatments,
the development is shown of the out-of-plane average (111) grain size, lattice
constant, (111) integrated peak area, and the FWHM of the {111} χ -scans. The
time t = 0 corresponds to start of deposition. After 10 min of deposition (film
thickness about 110 nm), the film was kept 210 min at 25◦ C (room temperature), after which the temperature was ramped up to and kept at 68◦ C. The
two closely-spaced, dashed lines indicate the period of the temperature ramping,
which usually lasted about 4 min.
As seen in Fig. 6.3(a), post-deposition grain growth clearly took place even
at room temperature. Within a period of 210 min, the average grain size evolved
from 20 to 32 nm. The grain growth rate significantly increased when the temperature was raised to 68◦ C. However, the growth rate leveled off quite quickly,
after which the grain size stayed almost constant at a value of about 52 nm.
The lattice constant (Fig. 6.3(b)) decreased very rapidly just after growth.
As out-of-plane lattice distances are measured with the BBXRD geometry, the
decreasing lattice constant corresponded to relaxation of compressive stress (tabulated lattice constant aCu = 3.615 Å). When the film temperature was increased
from 25 to 68◦ C, the observed lattice constant increased, since thermal-induced
compressive stress built up due to different thermal expansion coefficients of the
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Figure 6.3: −75 V bias voltage. Structural parameters of a Cu film deposited with a bias voltage
of −75 V vs time after start of growth. The film was annealed at various temperatures T . (a) Grain
size, (b) lattice constant, (c) (111) Bragg-peak area, and (d) χ -FWHM.

Si substrate and the Cu film (αSi = 2.6·10−6 K−1 , αCu = 16·10−6 K−1 ). Moreover, during this thermal expansion, stress relaxation took place, since the measured lattice constant decreased as soon as the temperature of 68◦ C was reached.
The mechanism for this relaxation is not known.
Fig. 6.3(c) shows that the (111) BBXRD peak area increased both during
room-temperature annealing and, at a higher rate, during the 68◦ C-annealing.
This increase can be ascribed to texture changes [51], i.e. a narrowing of the
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(111)-grain orientation distribution, annihilation of defects [104], and a smaller
grain boundary area caused by grain growth. Texture changes did indeed take
place, as revealed from the changing FWHM of the χ -scans shown in Fig. 6.3(d).
The width of the (111)-grain orientation distribution decreased during roomtemperature annealing, and, when the temperature was raised to 68◦ C, it initially decreased rapidly, then leveled off and became constant at longer annealing
times. As also revealed from the χ -scans (not shown), the decreasing FWHM
upon annealing was accompanied by a lower diffracted intensity from the randomly oriented (111) grains (i.e. grains with {111} planes tilted more than about
χ = 15◦ with respect to the surface).
Similar to Fig. 6.3, an overview of the microstructural evolution with time in
Cu films deposited with bias voltages of −150 V and −250 V are given in Figs
6.4 and 6.5, respectively. Comparing Figs 6.3–6.5, it is seen that, when the films
were deposited with a bias voltage of −75 V, the grain size, the (111) BBXRD
peak area, and the FWHM of the χ -scans changed during room-temperature annealing. However, when the films were deposited with bias voltages of −150 V
and −250 V, these structural parameters change very little and were constant,
respectively, during room-temperature annealing. Furthermore, the microstructural changes were small in the Cu film deposited with −250 V bias voltage
upon annealing at elevated temperatures (up to about 200◦ C), which is contrary
to what happened in films deposited with the lower bias voltages. This indicates
that grain growth and changes in texture decreased monotonically when depositing the Cu films with a higher (negative) bias voltage, i.e. the thermal stability
enhanced.
The as-deposited average grain sizes were found to be 20, 18 and 17 nm in
the films deposited with bias voltages of −75, −150 and −250 V, respectively
(Figs 6.3–6.5). That is, increasing the bias voltage reduced the as-deposited
grain size, which can probably be attributed to disrupted grain growth during
deposition due to the more energetic Ar ion bombardment [105]. The out-ofplane lattice constant increased when higher bias voltage was applied, i.e. the
films were in an enhanced compressive state of stress. It is well-known that thin
films get more compressively stressed due to atomic peening effects induced
by ion bombardment [52]. Finally, when comparing the result of deposition with
different bias voltages, it is seen that the as-deposited (111) grain orientation distribution narrows (χ -FWHM decreases) with higher bias voltage, which may be
ascribed to increased atomic mobility favoring the formation of (111) grains due
to interface-energy minimization [89]. This is in accordance with the increasing
(111)/(002) peak-area ratio with higher bias voltage.
From the curves of the grain size D vs annealing time t (Figs 6.3(a) and
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Figure 6.4: −150 V bias voltage. Structural
parameters of a Cu film deposited with a bias
voltage of −150 V vs time after start of growth.
The film was annealed at various temperatures
T . (a) Grain size, (b) lattice constant (c) (111)
Bragg-peak area, and (d) χ -FWHM.
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Figure 6.5: −250 V bias voltage. Structural
parameters of a Cu film deposited with a bias
voltage of −250 V vs time after start of growth.
The film was annealed at various temperatures
T . (a) Grain size, (b) lattice constant (c) (111)
Bragg-peak area, and (d) χ -FWHM.

6.4(a)), the activation energies, Q−75 and Q−150 , for the grain growth in films deposited with bias voltages of −75 and −150 V were obtained.1 (When determin1 It

was not possible to extract the activation energy for grain growth in films deposited with
a bias voltage of −250 V, since almost no grain growth took place even at elevated temperatures. Further, none of the kinetic grain-growth models outlined in section 3.1.4 could accurately
describe the data of the grain size vs annealing time.
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Figure 6.6: Arrhenius plots: The logarithm of the product of the annealing temperature T times
the grain growth rate dD/dt vs the reciprocal of Boltzmann’s constant times the temperature. The
error on Q−75 is a regression error, while the error on Q−150 was estimated from the errors on the
two data points.

ing the Q−75 activation energy, data similar to the ones shown in Fig. 6.3(a) but
with an annealing temperature of only 43◦ C, were additionally used). The slopes
dD/dt (growth rates), which were used to calculate the activation energies Q−75
and Q−150 , were defined as the slopes of the tangents of the curves at D values of
about 32 and 19 nm, respectively. As the rate of grain growth dD/dt is proportional to the expression T −1 exp(−Q/kB T ) [44], where T is the temperature, Ar−1
rhenius lines, ln(T dD
dt ) vs (kB T ) , were plotted (see Fig. 6.6). From the slopes
of these lines, the activation energies were calculated to Q−75 = 0.90 ± 0.08 eV
and Q−150 = 0.82 ± 0.07 eV. Within the experimental error these activation energies are almost identical, i.e. the activation energy for grain growth does not
seem to depend notably on the applied bias voltage, despite the microstructural
differences. The activation energies correspond to the one of grain boundary
self-diffusion [102, 104], and are in good agreement with the measurements of
Lu et al. [102], who found an activation energy for grain growth in electrodeposited nanocrystalline Cu of 0.86 ± 0.14 eV, and Detavernier et al. [104], who
found a corresponding value of 0.9–1 eV in sputter-deposited and electroplated
Cu films.
In order to further investigate the microstructure of the Cu films and the possible reason for the enhanced thermal stability in films deposited with higher
bias voltages, plan-view TEM micrographs were recorded. Fig. 6.7 (left) shows
a plan-view bright-field image of the Cu film deposited with a bias voltage of
−75 V and subsequently heated to 68◦ C. The grain size distribution is seen to
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Figure 6.7: Plan-view bright-field images of a Cu film deposited with a bias voltage of −75 V
and subsequently heated to 68◦ C. In the right image, dislocations are indicated by arrows (see text
for details).

be bimodal, indicating that abnormal grain growth (or secondary recrystallization) took place [104]. That is, the grain growth recorded by means of BBXRD
(Fig. 6.3(a)) may reflect this abnormal grain growth. The largest grains have
reached an in-plane size of several times the film thickness. Twins (recognized
as parallel bands with different contrast) are observed in the larger grains. Twin
boundaries are a prominent feature often encountered in many fcc metals (e.g.
in Cu, Ag and Au) due to their low energy relative to the energy of a random
high-angle grain boundary [32]. Hence, the formation of so-called annealing
twins are usually associated with the process of grain growth and/or recrystallization driven by interface energy minimization. Fig. 6.7 (right) is a plan-view
bright-field image showing a part of the film also shown in the left image. Dislocations running through the film in a direction perpendicular to the film surface
(marked A) and not perpendicular to the surface (marked B) are observed. These
dislocations may, for instance, arise from collapse of vacancies during thermal
annealing.
Fig. 6.8 shows a plan-view dark-field image of a Cu film deposited with
a bias voltage of −250 V and afterwards heated to 157◦ C for 1 h. The grain
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Figure 6.8: Plan-view dark-field image of a Cu film deposited with a bias voltage of −250 V and
subsequently heated to 157◦ C.

size distribution is seen to be monomodal. In this film, dislocations were not
observed, which may be due to a smaller defect concentration being present in
the as-deposited film. The in-plane grain sizes seen in Fig. 6.8, on average about
35 nm, are much smaller than the ones in Fig. 6.7, which is in agreement with
the X-ray data that show that the out-of-plane grain growth is much faster in the
films deposited with a bias voltage of −75 V than with that of −250 V.
The increased thermal stability, i.e. the fact that the rate of grain growth is
lower in films deposited with higher bias voltages, may be explained by different concentrations of defects induced by the energetic ion bombardment. Higher
(negative) bias voltage cause a more energetic ion bombardment of the growing film, which, in turn, makes the surface atoms more mobile (higher effective
temperature), whereby the concentration of defects decreases. During subsequent annealing, vacancies present in the as-deposited film can, for instance,
collapse into dislocations. Thus, a small as-deposited vacancy concentration
may be the reason why dislocations are not observed with TEM in the −250 V
sample. As a result of a decrease in defect concentration induced by energetic
ion bombardment, the driving force for grain growth due to recrystallization decreases [103, 104]. In addition, the lack of defects may also lower the mobility
of the grain boundaries, since it is known that diffusion can be significantly enhanced if the density of vacancies is higher than the equilibrium value at a given
temperature [104].
Instead of raising the bias voltage, Detavernier et al. [103] raised the deposition temperature and/or reduced the sputter gas pressure, whereby they also
observed a decreased rate of grain growth. Similarly to a higher bias voltage,
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an increase in deposition temperature or a reduction in the gas pressure (more
energetic ion bombardment) resulted in decreasing defect concentration, i.e. a
smaller driving force for structural changes such as grain growth.
Another explanation of lower grain growth rate obtained after deposition
with higher bias voltages, can be impurity pinning caused by Ar ions incorporated during deposition. However, the RBS measurements indicated only trace
amounts of Ar, if any, in the Cu films deposited with the bias voltages −75 and
−150 V. It is therefore unlikely that a significant number of Ar atoms was segregated to the grain boundaries and acted as pinning points in the −150 V films,
causing a decrease in the rate of grain growth. On the contrary, segregation of
a small amount of Ar in the films deposited with −250 V bias cannot be ruled
out. With TEM, Ar was not observed, for example as bubbles trapped in triple
junctions.
An alternative mechanism for the decrease in grain growth could be connected to the grain boundaries. Higher bias voltages may result in relaxed (lowenergy) boundaries by creating mobile defects that diffuse to grain boundary
sinks.
Previously, it was proposed that the increase in the (111) BBXRD peak area
with time (Fig. 6.3(c)) arose from grain growth, defect annealing, and texture
changes. Similarly the rise in the peak area in Fig. 6.4(c), when the temperature
was raised to 106◦ C, could be explained in the same way. However, the large
increase in the peak area, when the temperature was ramped to 188◦ C, could
not be explained by changes in out-of-plane grain size and texture since these
were rather small (Figs 6.4(a) and 6.4(d)). Thus, this increase must first of all
be related to defect annealing and probably extensive abnormal in-plane grain
growth.
Large changes with time in the width of the grain orientation distribution
(FWHM of χ -scans) are observed in Figs 6.3(d) and 6.4(d). As was the case with
the grain growth, the rate of change of χ -FWHM decreased with increasing bias
voltage. Similar changes in the width of the grain orientation distribution with
time were observed in the experimental studies of the nanocrystalline Au films
(see section 5.4.3). The texture change in the Au films was mainly attributed to
small grain rotations, the driving force being changes in grain boundary energies.
This explanation was based on the absence of significant grain growth during
the texture changes, and on measurements of the activation energy for texture
changes. In the present study of Cu films, the texture changes were apparently
accompanied by grain growth. This indicates that (abnormal) grain growth may
be responsible for the texture changes. That is, (111) grains grew at the expense
of grains with other crystallographic orientations, the driving force being the
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lower interface energy of (111) oriented grains [47]. Furthermore, the TEM
investigations revealed that abnormal grain growth actually took place in the
films deposited with a low bias voltage. The sharper as-deposited (111) texture
and the less relative volume of (002) grains with respect to (111) grains in films
deposited with higher bias voltages thus reduce the driving force for structural
changes and thereby contribute to the increased thermal stability. Grain rotations
in the Cu films may, however, also contribute to the texture changes. This is
supported by the findings of Rossnagel and Kuan [51], who, during TEM studies
of sputter-deposited Cu films, observed that the grains (size about 20 nm) carried
out small rotations prior to grain growth. The origin of the dependence of the
rate of texture-change on bias voltage may thus be explained by changes in the
grain-boundary structure with bias voltage.

6.4 Nanostructure of Ag films vs bias voltage
In this section, results are presented of an experimental study on the influence
of the substrate bias voltage on the structural evolution and thermal stability of
nanocrystalline Ag thin films. For experimental details see section 6.2.
The RBS spectra from two Ag films on SiO2 /Si deposited with substrate
bias voltages of −50 V (114 nm) and −250 V (94 nm) are shown in Fig. 6.9. A
significant Ar impurity content of about 0.7 at.%, was distributed throughout the
Ag film deposited with a bias voltage of −250 V, i.e. Ar was incorporated in the
film during growth. The Ar concentration was found not to be modified when
the film was annealed in vacuum at elevated temperatures as high as 250◦ C. The
films deposited with a bias voltage of −150 V contained significantly less Ar
(not shown), about 0.1 at.% (being on the limit of detection with RBS), while no
Ar signal was detected in the RBS spectrum from films deposited at −50 V. A
peak corresponding to about 5 nm Si on the surface of the Ag film is observed,
which can be attributed to surface contamination originating from the silicone
heat-conducting paste. No other impurities could be detected in the Ag films by
means of RBS.2
Fig. 6.10 depicts typical in-situ X-ray diffractograms (BBXRD) from three
nanocrystalline Ag films deposited with bias voltages of −50 V (114 nm thick),
−150 V (96 nm), and −250 V (94 nm), respectively. Also shown are the corresponding diffractograms recorded after annealing the films at 81◦ C for 80 min
(the time chosen to get a sufficiently large effect). Results of the analyses of the
2 The detection limit for oxygen, for example, is about 5 at.%. However, we do not expect the
oxygen content to be significant, since the liquid nitrogen trap removed most of the water vapor,
which could be a source of oxygen.
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Figure 6.9: Log-scale plot of the RBS spectra from two Ag films on SiO2 /Si deposited with
substrate bias voltages of −50 V (114 nm) and −250 V (94 nm). An Ar impurity content of about
0.7 at.% is found in the −250 V film. The small Si signal originates from surface contamination
of the Ag films by silicone heat-conducting paste.
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Figure 6.10: In-situ X-ray diffractograms (BBXRD) from three Ag films deposited with different
bias voltages, recorded in the as-deposited state (room temperature) and after 80 min of annealing
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Bias (V)
−50
−150
−250

I(111)

I(111)

I(111) /I(002)

I(111) /I(002)

D (nm)

D (nm)

as dep.

81◦ C

as dep.

81◦ C

as dep.

81◦ C

5500
3200
3300

9000
3700
3500

12.6
9.9
14.3

16.4
9.7
13.6

35
18
15

44
22
16

Table 6.1: Results obtained from the in-situ diffractograms (BBXRD) shown in Fig. 6.10 of three
Ag films deposited with different bias voltages. Tabulated are the integrated (111) intensities, the
ratio between the (111) and (002) intensities, and the (111) grain size D for the as-deposited films
and after 80 min annealing at 81◦ C. For comparison, I(111) /I(002) = 2.5 for a Ag powder.

diffractograms are summarized in Table 6.1. The BBXRD peak profiles were
found to be very close to purely Lorentzians, for which reason the peak broadening was assumed to originate solely from finite grain sizes. Only the Ag(111) and
Ag(002) reflections, corresponding to (111) and (002) grains, respectively, could
be recorded due to chamber window limitations. However, only trace amounts
of higher-order (hkl) peaks were identified by ex-situ BBXRD. All as-deposited
films had a pronounced (111) texture, i.e. a strong (111) diffraction peak and a
much weaker (002) peak were always observed. The (111) texture, typical of
fcc metal films, can be ascribed to the films forming the interface energy minimizing texture [107]. The diffracted intensity generally dropped with increasing
bias voltage, indicating less crystallinity and/or less texture in films deposited
with higher bias voltage. The slightly different film thicknesses cannot account
for this change in diffracted intensity. Comparing the effects of annealing the
films at 81◦ C for 80 min, it is seen that higher bias voltage during film growth
tends to stabilize the microstructure of the films, that is, only the diffractogram
of the −50 V film changed significantly. This is similar to the tendencies also
observed in the study of Cu films (section 6.3).
Fig. 6.11 exhibits the development of the integrated intensity of the Ag(111)
diffraction peak (BBXRD) as a function of time during and after deposition for
three films deposited with bias voltages of −50, −150, and −250 V, respectively.
Similarly, the development of the out-of-plane (111) average grain size, as calculated from the width of the BBXRD peaks, are shown in Fig. 6.12. The end
of the 15-min growth period is marked by a single vertical, dashed line. After
growth, the films were kept at room temperature for 2–4 h before the temperature
was raised to 81◦ C (the temperature was ramped in the short period indicated by
the two dashed, vertical lines).
Common to the three films is the more than linear increase in intensity during
growth as a function of deposition time (Fig. 6.11), although the film thickness
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Figure 6.11: Integrated Ag(111) intensities vs time during and after film growth. Three films deposited with different bias voltages: (a) −50 V, (b) −150 V, and (c) −250 V. The film thicknesses
are 114, 96, 94 nm, respectively. After a growth period of 15 min, the films were kept some hours
at room temperature before the temperature was raised to 81◦ C.

was found to increase linearly with deposition time (checked with RBS). Most
likely, this is the result of smaller grains during the initial growth phase, and
defect annealing and texture changes during growth. The latter is probably due to
thermodynamically favored nucleation and growth of (111) grains at the expense
of grains with other crystallographic orientations. A similar effect was seen
during growth of nanocrystalline Au films (section 5.3.2) [108].
After deposition, when kept at room temperature, the (111) intensity from
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the film deposited with a bias voltage of −50 V, Fig. 6.11(a), is seen to increase
slightly, with the rate of change leveling off at longer annealing times. This indicates that small structural changes took place after deposition even at room
temperature (0.24Tm ). When the film was heated to 81◦ C, the intensity initially
increased strongly, again with the rate of change leveling off at longer annealing
times. Annealing films deposited with a bias voltage of −50 V at higher (lower)
temperature caused the changes in the diffracted (111) intensity to be more (less)
pronounced. As seen in Figs 6.11(b) and 6.11(c), the (111) intensities from films
deposited at −150 and −250 V stayed almost constant immediately after the
deposition stopped. Also, when heated to 81◦ C, only very small changes could
be observed; the least change was observed for the film deposited with a bias
voltage of −250 V (see also Table 6.1). Following also the (002) diffraction
peak as a function of time after deposition, the above-mentioned tendencies were
again discerned, i.e. the (002) intensity increased most significantly for a film deposited with the lowest bias voltage. Examples of the intensity ratio I(111) /I(002)
are found in Table 6.1. Within the experimental uncertainty, the I(111) /I(002) ratio
was almost constant for the −150 and −250 V films, while it increased during
annealing of films deposited with a bias voltage of −50 V, indicating texture
changes in the latter case.
Comparing the grain size development of the Ag films deposited with different bias voltages, Fig. 6.12 (and Table 6.1), it is clear that the as-deposited (111)
grain size decreased with higher bias voltage, which can probably be attributed
to disrupted grain growth during deposition due to enhanced Ar ion bombardment [105].3 As seen in Fig. 6.12(a), the size of the (111) grains in the film
deposited with −50 V bias grew slowly at room temperature. The speed of
growth significantly increased when the temperature was raised, but leveled off
quite quickly, after which the grain size stayed almost constant at longer annealing times. Annealing other −50 V films at various temperatures showed a very
similar behavior, except that the initial speed of grain growth increased at higher
annealing temperatures, and that the final grain size after stagnation was larger.4
In films deposited with bias voltages of −150 and −250 V, Figs 6.12(b) and
6.12(c), almost no room-temperature grain growth was observed. Even when the
temperature was raised, only very moderate grain growth was observed in the
−150 V film, and even less grain growth in the film deposited with −250 V bias
voltage; the −250 V film was found to resist significant grain growth at temperatures up to about 160◦ C (0.35Tm ). Finally, the apparent (002) grain sizes,
3A

similar behavior was observed for the Cu films discussed in section 6.3.
we did not succeed in extracting an activation energy for the grain growth in
the nanocrystalline Ag films, which can probably be ascribed to the presence of more than one
rate-limiting mechanism controlling the grain growth.
4 Unfortunately
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Figure 6.12: The average (111) grain size vs time during and after film growth. Three films deposited with different bias voltages: (a) −50 V, (b) −150 V, and (c) −250 V. The film thicknesses
are 114, 96, 94 nm, respectively. After a growth period of 15 min, the films were kept some hours
at room temperature before the temperature was raised to 81◦ C.

as extracted from the BBXRD data, were generally found to be approximately a
factor of two less than the (111) grain sizes.
In order to illustrate the effect of bias voltage on the orientation distribution of the (111) grains, ex-situ χ -scans probing the {111} planes from films
deposited with bias voltages of −50 V (thickness 114 nm) and −150 V (96 nm)
are shown in Fig. 6.13. Also shown are the χ -scans from a −50 V film annealed
160 min at 81◦ C, and a −150 V film annealed 80 min at 81◦ C. Despite the
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Figure 6.13: Ag(111) ex-situ χ -scans (one-dimensional pole figures) from four films deposited
with bias voltages of −50 and −150 V: −50 V as deposited, −50 V after 160 min annealing at
81◦ C, −150 V as deposited, and −150 after 80 min annealing at 81◦ C. The film thicknesses are
114 nm (−50 V) and 96 nm (−150 V). The reported widths are the half widths at half maximum
intensity, the uncertainty being about 0.5◦ .

different annealing times, it is still possible to compare the effects of annealing
since the structural parameters did not change significantly upon annealing films
deposited at −150 V for longer times.
As seen from the one-dimensional pole figures (χ -scans) shown in Fig. 6.13,
all the Ag films had a preferred orientation of the (111) lattice planes parallel to
the film surface (maximum intensity at tilt angle χ = 0◦ ). However, a result of
depositing the Ag films with a relatively high bias voltage is a less pronounced
h111i fiber texture, i.e. a slightly broader (111) grain-orientation distribution,
the widths being about 10.0◦ (−150 V) and 9.3◦ (−50 V), respectively. The asdeposited broader texture with increasing bias voltage explains the lower (111)
Bragg-peak intensity seen at high bias voltages in Fig. 6.10. Furthermore, when
comparing the effect of annealing at 81◦ C, the film deposited at −150 V shows
a considerably higher thermal stability than the film deposited at −50 V; the
overall intensity and the width of the χ -scan of the −150 V film showing only
very moderate changes. Contrary to this, texture changes clearly took place during thermal annealing in films deposited with a bias voltage of −50 V, where the
width of the (111) grain orientation narrowed from 9.3◦ to 8.4◦ upon annealing at
81◦ C for a period of 160 min. Further experiments revealed (not shown) that the
resulting width of the χ -scans from −50 V films were dependent on the annealing temperatures used, i.e. higher annealing temperatures resulted in decreased
width. Despite the decreased width, the random component of the {111} χ -scan,
i.e. the “background” intensity originating from randomly oriented (111) grains,

6.4. Nanostructure of Ag films vs bias voltage

400 nm

a)

95

400 nm

b)

400 nm

c)

Figure 6.14: Plan-view, dark-field TEM images of Ag thin films deposited with bias voltages of
(a) −50 V, (b) −150 V, and (c) −250 V. The films were kept at room temperature for some days.
A section of the (111) and (002) diffraction rings were used for imaging.
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Figure 6.15: Plan-view, dark-field TEM images of Ag films deposited with bias voltages of (a)
−50 V and (b) −150 V, and subsequently annealed at 81◦ C for (a) 160 min and (b) 80 min. Prolonged annealing time of the −150 V film was not expected to induce further structural changes,
as revealed from the X-ray data. A section of the (111) and (002) diffraction rings were used for
imaging.

did not decrease upon annealing. This can be attributed to increased crystallinity
due to defect annealing and grain growth. The texture changes observed upon
annealing of the −50 V films at least partly accounts for the increasing intensity
of the (111) BBXRD peak as seen in Fig. 6.11(a).
Figs 6.14(a)–6.14(c) show plan-view, dark-field TEM images of Ag films
as deposited (but after days of room-temperature annealing) with substrate bias
voltages of −50, −150, and −250 V, respectively. The lateral average grain size
is seen to decrease with increasing bias voltage, which is similar to the X-ray
observations where the grain size perpendicular to the film surface decreased
with increasing bias voltage (Fig. 6.12 and Table 6.1). Notice the bimodal grain
size distribution in Fig. 6.14(a), which is probably a result of the (abnormal)
grain growth taking place even at room temperature in the films deposited with

96

CHAPTER 6 - Nanostructure evolution vs bias voltage

40 nm
Figure 6.16: Plan-view, weak-beam TEM image of a film deposited at −50 V bias and subsequently annealed at 81◦ C for 160 min. Dislocations are indicated by arrows.

Figure 6.17: Plan-view, bright-field, underfocused TEM images of a Ag film deposited
with a bias voltage of −250 V. Ar bubbles are
seen as bright spots.

−50 V bias voltage.
Fig. 6.15 shows plan-view, dark-field TEM images of films deposited at −50
and −150 V, and subsequently annealed at 81◦ C. Significant abnormal grain
growth seemed to take place upon annealing the −50 V film (Fig. 6.15(a)), which
is characterized by relatively few grains growing very large. However, the very
large grain seen here was observed to consist of smaller grains forming lowangle grain boundaries perpendicular to the surface. The lateral grain size and
size distribution apparently did not change during annealing of the −150 V film
as shown in Fig. 6.15(b) (compare with Fig. 6.14(b)). Similarly, no structural
changes upon annealing at elevated temperatures were observed by TEM in the
−250 V films. This is in agreement with the X-ray data showing that the out-ofplane grain growth was smallest at the highest bias voltage.
A plan-view, weak-beam TEM image of the film deposited at −50 V and
subsequently annealed at 81◦ C is shown in Fig. 6.16 (same film as also shown
in Fig. 6.15(a)). The large grain is seen to be full of dislocations, appearing
as white lines, some of which are indicated by arrows. We did not succeed in
observing dislocations in the non-annealed films, neither with −50 V, nor with
bias voltages of −150 and −250 V. It is therefore possible that the observed
dislocations were formed by collapsing vacancies during annealing. Contrary to
dislocations, twins were observed in all as-deposited as well as annealed films
in plan-view, bright-field micrographs (not shown), which can be ascribed to the
very low twin-boundary energy (stacking-fault energy) of Ag [32].
Fig. 6.17 shows a plan-view, bright-field, under-focused TEM image of a
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film deposited with a bias voltage of −250 V. Bubbles, which we ascribe to the
Ar content of about 0.7 at.% found by means of RBS, are observed as small
bright spots, some decorate the grain boundaries while others are found in the
interior of the grains. The diameter of the largest Ar bubbles is about 5 nm, with
the majority being less than about 2 nm. A few Ar bubbles were also observed
in the films deposited with a bias voltage of −150 V, while in the −50 V films
no bubbles were detected.
The narrowing of the (111) grain orientation distribution observed during
post-deposition annealing treatment of Ag films deposited with a low bias voltage (−50 V), is similar to texture changes observed in the experimental studies
of nanocrystalline Au (section 5.3.3) and Cu (section 6.3) films. In the case of
the Au films, the narrowing was primarily interpreted as being due to grain rotations and not grain growth, since grain growth was not significant during the
time interval where the narrowing took place. The driving force for grain rotations originated from minimizing the grain-boundary energies. In the Cu films,
grain rotations may also have contributed to the texture changes. However, in
this case recrystallization (abnormal grain growth) probably took place, since at
least some of the texture changes were accompanied by grain growth. The recrystallization is driven by the lower interface energy of (111) grains relative to
grains having other crystallographic orientations. In the Ag films deposited at
low bias voltage, the texture changes observed during post-deposition annealing
were apparently accompanied by (abnormal) grain growth, see Fig. 6.15(a). This
suggests that some (111) grains grew favorably at the expense of neighboring,
randomly oriented grains, thereby reducing the total interface energy. However,
grain rotations in the Ag films cannot be excluded, since rapid grain rotations
in order to achieve crystallographic alignment are likely to occur prior to grain
growth [49, 101].
As was also seen in the previously presented study of Cu films (section 6.3),
the present experimental Ag data show that the rate of grain growth and rate of
texture changes depend on the bias voltage applied during film deposition. For
example, considerable grain growth was observed during annealing at 81◦ C in
an Ag film deposited with a bias voltage of −50 V, while the grain growth in
films deposited with higher bias voltages of −150 and −250 V was significantly
reduced (Fig. 6.12). In the case of Cu, this reduction was primarily explained by
different defect concentrations arising from the film deposition with various bias
voltages. Higher bias voltage results in a more energetic Ar ion bombardment
of the growing film, which, in turn, enhances the near-surface atomic mobility.
This increased “effective temperature” of the near-surface region resulted in a
lower defect concentration, for example due to annihilation of vacancies. As
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a result of a lower concentration of defects, the driving force for grain growth
due to recrystallization decreases with increasing bias voltage. Ar bubbles were
never observed in the Cu films, despite the fact that some Ar was incorporated
during deposition at the highest bias voltages. In the Ag films, the apparent
lack of defects (vacancies) in the films deposited with bias voltages of −150 and
−250 V may also play a role for the higher thermal stability, i.e. the reduced
grain growth. However, the incorporation of Ar atoms, which formed Ar bubbles, is probably the dominating reason for the reduced structural changes. Some
of the Ar bubbles were spread over the interior of the grains, slowing down the
recrystallization process, while others decorated the grain boundaries, thereby
reducing the grain boundary mobility due to pinning.

6.5 Nanostructure of Au films vs bias voltage
In the previous sections, studies concerning the influence of the substrate bias
voltage on the structural evolution and thermal stability of nanocrystalline Cu
and Ag films have been presented. A similar study, based solely on ex-situ investigations, was performed on magnetron-sputtered, nanocrystalline Au films
in order to compare the results of Cu and Ag with a chemically very familiar and
noble fcc metal. Only a short resume of the study will be presented here, since
the results obtained were qualitatively identical to the ones obtained for the Ag
films. For experimental details see section 6.2.
All the as-deposited Au films exhibited a strong h111i fiber texture, the texture being slightly broader when depositing at higher bias voltages, and the asdeposited average (111) grain size decreased when increasing the bias voltage,
see Fig. 6.18. In films deposited with a bias voltages of −300 V, an Ar concentration of about 1.0 at.% was detected with RBS. No Ar impurity could be
detected with RBS in films deposited at bias voltages below −250 V (i.e. in the
range −50 to −250 V).
The thermal stability of the Au films was greatly enhanced when depositions
were carried out with a high bias voltage, i.e. under influence of an energetic
Ar ion bombardment. This is also illustrated in Fig. 6.18 where it is seen that
significant grain growth took place in the films deposited at relatively low bias
voltages upon a 1-h post-deposition annealing at 80◦ C. Actually, in these films,
grain growth took place even at room temperature, but at a very low rate (within
about a month the apparent grain size increased from about 23 to 30 nm in the
−50 V film). On the contrary, almost no grain growth was observed upon annealing at elevated temperatures in the Au films deposited with high bias voltages.
The thermal stability was found to increase monotonically with increased bias
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Figure 6.18: Average out-of-plane (111) grain size vs applied bias voltage for 40 nm thick Au
films. The grain sizes are extracted from X-ray diffraction peak profile analysis.

voltage. Similar tendencies, regarding the thermal stability vs bias voltage, were
found to apply when considering texture changes. That is, the h111i fiber texture was found to sharpen upon thermal annealing, but with the changes being
less pronounced when the films were deposited with higher bias voltages. In
films deposited with −250 and −300 V, almost no textural changes could be
discerned.
Fig. 6.19 shows, plan-view, bright-field TEM images of Au films deposited
with bias voltages of −50, −175, and −300 V. Figs 6.19(a)-(c) show as-deposited
films (but after several days of room-temperature annealing), and Figs 6.19(d)(f) show the corresponding films after annealing at 80◦ C for 1 h. The abovementioned tendencies regarding the structural evolution of the Au films vs the
applied bias voltages are confirmed by the TEM investigations. That is, lateral (abnormal) grain growth is observed in the −50 and −175 V films (in the
−50 V film abnormal grain growth even took place at room temperature), while
no changes in the grain morphology are seen in the film deposited with a bias
voltage of −300 V. As was also found in the case of the Ag films, Ar bubbles with
a characteristic diameter of about 1–2 nm could be observed in the grains, and
especially in the grain boundaries, of the −300 V Au films (the Ar concentration
was about 1.0 at.% as found by means of RBS), see Fig. 6.20. The incorporation
of Ar atoms, which formed small Ar bubbles, is probably the dominating reason
for the reduced structural changes due to the Ar bubbles acting as pinning points.
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Figure 6.19: Plan-view, bright-field TEM images of Au films deposited with various bias voltages
and subsequently annealed at room temperature (RT) for several days or at 80◦ C for 1 h. (a)
−50 V, RT; (b) −175 V, RT; (c) −300 V, RT; (d) −50 V, 80◦ C; (e) −175 V, 80◦ C; (f) −300 V,
80◦ C.
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20 nm
Figure 6.20: Plan-view, bright-field, under-focused TEM images of an Au film deposited with
−300 V bias voltage and subsequently annealed 1 h at 80◦ C. Ar bubbles are seen as small bright
spots, which especially decorate the grain boundaries.

6.6 Summary
In this chapter, experimental studies have been presented of the influence of the
substrate bias voltage on the structural evolution and thermal stability of various
noble fcc metal thin films (Cu, Ag, Au). Generally, the films exhibited a greatly
enhanced thermal stability as regards nanostructural changes upon thermal annealing treatments, if they were exposed to a more energetic Ar ion bombardment during deposition, accomplished by increased substrate bias voltage. That
is, the rate of grain growth and the change in texture with time after deposition
were found to be sensitively dependent on the applied substrate bias voltage.
All the as-deposited films exhibited a pronounced h111i fiber texture typical
of fcc metal films deposited on amorphous substrates. However, the orientation
distribution of the (111) grains with respect to the film surface was dependent
on the applied bias voltage. In the case of Ag and Au, the as-deposited (111)
texture became broader with increased bias voltage, while the opposite effect
was observed in the Cu films. The reason for this is not clear. Energetic ion
bombardment makes the surface atoms more mobile, which can promote the
formation of the thermodynamically favored (111) grains. This may explain the
sharper texture in the Cu films with increased bias voltage. However, due to
the heavier atomic weight of the Ag and Au atoms, the energy transfer upon
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impact from the bombarding Ar ions are less than in the case of Cu, which may
reduce the effect of increased adatom mobility. Furthermore, high bias voltages
lead to the formation of Ar bubbles in the Ag and Au films, which may change
the interface energies and thereby influence the texture formation. Ar was also
incorporated in the Cu films deposited with high bias voltages, but the formation
of Ar bubbles could not be observed.
Increased ion bombardment generally caused a reduction in the as-deposited
grain sizes. This is usually attributed to disrupted grain growth during film deposition and pinning caused by incorporated gas atoms.
The thermal stability was generally greatly enhanced in the Cu, Ag, and Au
thin films if they were exposed to an energetic ion bombardment during deposition. That is, the rate-of-change of structural parameters (grain size, texture)
significantly decreased when the substrate bias voltage increased in the range
from about −50 to −300 V. For example, room-temperature grain growth and
texture changes were observed, especially in the Cu films, when the films were
deposited with low bias voltages (−50 or −75 V), while almost no structural
changes were observed at high bias voltages (for example about −250 V). As revealed by in-situ investigations, the sharpening of the (111) texture during postdeposition annealing treatments of Cu and Ag films deposited with low bias voltage arose from (abnormal) grain growth connected with recrystallization, with a
small contribution, if any, from grain rotations.
In the case of Cu films, the increased thermal stability was explained primarily by different concentrations of defects arising from the film growth with
various bias voltages; less defects formed during deposition with high bias voltages due to the effective higher temperature of the near-surface region. A lower
defect concentration resulted in a lower driving force for recrystallization. Although the defect concentrations differed for the various Cu films, the activation
energy for grain growth did not, within experimental errors, depend on the applied bias voltage. In the Ag and Au films the lack of defects at high bias voltages
may also contribute to the enhanced thermal stability. However, in these cases
the incorporation of Ar atoms, which leads to the formation of Ar bubbles, was
probably dominating the reduction of structural changes due to pinning.
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CHAPTER 7

Characterization of nanostructured
Cr2Nx/Cu multilayers

Artificially multilayered coatings have been used for many years in a wide range
of applications such as optical, magnetic, electronic, corrosion protection, and
tribological. Considering tribological applications, successful coatings generally
possess high hardness and adhesion, as well as good oxidation resistance. Thin
film multilayer structures consisting of many alternating layers can exhibit large
hardness increases as compared with monolithic films when the layer modulation
period (Λ) is in the nanometer range. Furthermore, depending on the choice of
materials, it is possible to build in additional, desirable properties such as high
toughness, while retaining the high hardness.
In this chapter, an experimental study of the synthesis and structural characterization of nanoscaled Cr2 Nx /Cu multilayer thin films (x ' 0.8) deposited by
reactive DC magnetron sputtering is presented. The aim of the investigations was
to establish whether it is possible to form multilayers of hexagonal Cr2 N (hard)
and Cu (ductile), and whether this multilayer system exhibits enhanced hardness as compared with the constituent phases. The structure (crystalline phases,
grain morphology, texture) of multilayers deposited at various temperatures and
with various modulation periods was investigated by means of X-ray diffraction (BBXRD and XRR) and TEM. Finally, as obtained by nanoindentation, the
mechanical properties (hardness, elastic modulus) were measured.
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7.1 Introduction
Over the last three decades, hard and corrosion-resistant coatings, such as transition metal nitrides and carbides, have successfully been used in tribological
applications to protect machine parts and tools and to extend their lifetime. For
example, monolithic ceramic coatings of TiN have traditionally been the standard due to their relatively high hardness compared to high speed steel and cemented carbide, but also CrN has been very popular due to its toughness and
good oxidation resistance in addition to its hardness. In order to improve the
tribological properties of coatings relative to the above-mentioned monolithic
nitrides and carbides, ceramic multilayers with the individual layer thickness in
the order of a few microns were introduced. It was shown that these multilayer
coatings could improve the lifetime of cutting tools beyond that of the individual
monolithic coatings, an example being TiN/TiCN multilayers [109].
Within the past 15 years, a new class of materials for tribological applications has emerged, which exhibits extremely high hardness values, significantly
higher than the ones calculated from the rule-of-mixture model. These materials are magnetron-sputtered, nanostructured multilayers with modulation (or bilayer) periods Λ in the range of 2–100 nm. Some of these multilayers, consisting
of epitaxial nitride/nitride layers, have exhibited hardness values comparable to,
or even in excess of, that of cubic-BN (50 GPa) [110, 111]. Similar results have
also been obtained for polycrystalline nitride/nitride multilayers [112]. These
multilayers have been intensively studied to determine the mechanisms responsible for this hardness enhancement. The bilayer period Λ has been identified as
a crucial parameter, since the large hardness enhancement generally occurs only
in a narrow range of Λ ' 2–10 nm.
Among the explanations for the hardness enhancement are dislocation blocking by interfaces, also known as the elastic modulus effect [113,114], Hall-Petch
strengthening [115], and strain effects at layer interfaces [116]. For a review see
Refs [117, 118]. In the latter effect, an alternating strain field due to lattice mismatch between the layers will restrict dislocation motion across layer interfaces,
since the dislocation energy is proportional to the square of the magnitude of the
Burgers vector, i.e. the dislocation energy is proportional to the lattice parameter
squared. Hence, additional stress is required to move a dislocation from a layer
with a smaller lattice parameter into one with a larger lattice parameter (assuming identical dislocation slip systems in the constituent layers). This effect is,
however, believed to be small compared to the others. The dislocation blocking
by layer interfaces arises when the individual layers have different shear moduli. Since the dislocation line energy is proportional to the shear modulus, an
additional stress is required to move a dislocation from a layer with lower shear
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modulus to one with higher shear modulus. That is, a large shear-modulus difference will inhibit the motion of dislocations. This effect has been proven to
be important in films with modulation periods Λ ' 5–10 nm. At smaller Λ,
the strain field of dislocations spreads across several layers, which decreases the
effect of the modulus difference. If on the other hand Λ is too large, the dislocations can move large distances without encountering an interface, which can
also reduce the effect of different shear moduli. For Λ & 10 nm, the hardness
is generally found to decrease with increasing Λ. This dependence has been rationalized via the well-known Hall-Petch equation [6, 7], which, in its original
form, relates the hardness H of a polycrystalline material to the grain size D :
H = H0 + kD−1/2 ,

(7.1)

where H0 is the hardness of the same material with infinitely large grains, and
k is a constant. The original model is based on the assumption that dislocations
cannot move across grain boundaries, and dislocation pile-up in one grain is required to initiate a dislocation in a neighboring grain. In the case of multilayers,
the grain size D is replaced by the multilayer modulation period Λ, and the exponent 0.5 is replaced by a fitting constant α , thus yielding
H = H0 + kΛ−α .

(7.2)

Experimentally, values of the exponent α in the range 0.2–1.0 have been obtained for various types of multilayers [117].
Recently, a second class of very hard materials, magnetron-sputtered nanocomposites composed of a nanocrystalline transition-metal-nitride phase and a
metal phase, has emerged. Musil and Vlček [119] have demonstrated that in
several nanocomposites, where a hard transition metal nitride is combined with
a few percent of a soft metal, the hardness can approach the one of cubic-BN.
In addition, it has also been shown that a nanocomposite consisting of a soft
metallic phase and a hard nitride phase can exhibit both high hardness and a
high toughness simultaneously [120].
To obtain both high toughness and high hardness in multilayers, these should
also be composed of alternating phases (layers) of a pure metal and nitride [118].
The metal is used to provide significant ductility, and the nitride to give high
hardness. In such metal/nitride multilayers, it is expected that dislocation movement across interfaces is impeded, since the layers typically have different crystal structures (i.e., are non-isostructural). On the other hand, the high hardness,
which is often obtained, may be surprising considering the large amount of soft
pure metal. The metal/nitride multilayers, which have been investigated, include TiN/Ni and TiN/Ni0.9 Cr0.1 [121], Mo/NbN and W/NbN [122, 123], and
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CrN/Cr [124]. All these coatings exhibited maximum hardness values in excess of 30 GPa, with the hardness increasing with decreasing bilayer period and
leveling off at small periods. The maximum hardness values exceed the hardness of the constituent materials. In contrast to these metal/nitride examples, no
hardness enhancement was observed in TiN/Cu multilayers [125] in the range
of the modulation periods investigated (Λ = 2.5–50 nm), although, based on the
previously mentioned elastic modulus effect [113, 114], a significant increase in
hardness at small Λ values is expected due to the large difference in shear modulus between the two materials. This discrepancy has not been explained, but
it may arise from the soft Cu metal layers reaching their theoretical strength,
thereby limiting the total hardness [118].
High-temperature thermal stability of metal/nitride multilayers is an important property with respect to technological applications. A multilayered structure is thermodynamically unstable due to the high density of interfaces, that is,
Gibbs free energy can be lowered by lowering the density of interfaces and density of grain boundaries. This represents a driving force for structural changes
such as grain coarsening and spherodization of two-phase layered structures, i.e.
degradation of the multilayered structure. However, good thermal stability of
metal/nitride multilayer coatings has been reported if the constituent layer materials are thermodynamically stabile with respect to each other (i.e., immiscible)
and form low-energy coherent interfaces [126]. The hardness of such multilayers may even increase upon annealing at elevated temperatures due to grain
growth and elimination of defects. In cases, where the different layer structures
do not readily form low-energy coherent interfaces, one layer may crystallize
into a non-equilibrium structure that does form a coherent interface with the
other layer; this so-called epitaxial stabilization is often observed in multilayers
with a small modulation period [118, 127].
The present study deals with the synthesis and characterization of chromium
nitride/copper (Cr2 Nx /Cu) multilayers. The microstructure was characterized by
means of low- and high-angle X-ray diffraction (BBXRD and XRR) and TEM.
The composition and thickness of the individual layers were measured using
RBS, the surface topography was investigated by AFM, and the mechanical
properties (hardness and Young’s modulus) were measured by use of nanoindentation. The aim of the study was to establish whether it is possible to form a
nitride/metal multilayer with alternating layers of hexagonal Cr2 N and Cu. Generally, chromium nitride exhibits relatively high hardness and good oxidation
and wear resistance, and Cu provides ductility. Among the two stable chromium
nitride phases, namely cubic fcc CrN and hexagonal Cr2 N, the latter is the hardest. As an example, Aouadi et al. measured hardness values of HCrN ' 17.6 GPa
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and HCr2 N ' 22.2 GPa for reactively magnetron-sputtered coatings [128]. A relatively large shear-modulus difference between the chromium nitride and Cu layers (e.g., GCr2 N ' 100 –145 GPa [128–130] and GCu ' 40 –58 GPa [131, 132])1
may result in a hardness enhancement of the multilayers. The mismatch between the basal lattice planes of hexagonal Cr2 N 2 and the closed packed (111)
planes of Cu is approximately 7%, for which reason is should be possible to
form semicoherent interfaces. However, the hexagonal Cr2 N phase only appears
in the (equilibrium) phase diagram at temperatures above 400◦ C [135]. Finally,
we also wanted to establish whether a hardness enhancement is observed in the
present multilayer system (with a soft metallic phase), and to compare the hardness of the multilayers with the hardness of nanocomposites with the corresponding composition.

7.2 Experimental details
Nanostructured Cr2 Nx /Cu multilayers and corresponding nanocomposites were
synthesized at the deposition temperatures 25, 200, 300, and 400◦ C and with
bilayer periods in the range Λ = 2.5 –30 nm by reactive DC dual-magnetron
sputtering. Monolithic films of Cr2 Nx and Cu were also deposited for phase
identifications and deposition rate calibrations. The deposition chamber is described in section 2.2.2. The magnetrons were equipped with Cr (99.98%) and
Cu (99.999%) targets, and the movable shutters in front of the magnetrons were
used to modulate the sputtered flux via sequential control of the shutter opening
times. The base pressure was ≤ 3·10−5 Pa, and the reactive sputtering was carried out in a mixture of Ar (99.9996%) and N2 (99.99990%) with flow rates of
10.0 and 2.5 sccm, respectively. The working pressure was adjusted to 0.5 Pa.
The substrates were Si(001) with a ∼ 70 nm amorphous SiO2 layer on top. A
negative bias voltage of −100 V was applied to the substrates to provide energetic ion bombardment of the growing films, which has proven to improve the
planarity of polycrystalline multilayer interfaces and film density [117].
The Cr and Cu magnetrons were run at a DC power of 40 and 30 W, respectively, resulting in deposition rates of approximately 0.9 Å/s for the Cr2 Nx
layers and 1.6 Å/s for the Cu layers. Total multilayer film thicknesses were
1 Some

of these elastic shear moduli G have been estimated from reported values of Young’s
moduli Y using the relation Y = 2(1 + ν )G, assuming a Poisson’s ratio ν = 0.25.
2 The crystal structure of Cr N can be viewed as a hexagonal closed-packed metal sublattice
2
with (a = 2.75 Å, c = 4.48 Å) in which nitrogen occupies some of the interstitial octahedral sites,
for which reason this phase is usually denoted hexagonal Cr2 N. However, the crystal structure of
Cr2 N is actually trigonal (a = 4.81 Å, c = 4.48 Å) [133, 134].
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Figure 7.1: RBS spectrum from a monolithic Cr2 Nx (x ' 0.8) film on Si obtained by means of
2 MeV He+ ions and a scattering angle of 161◦ . The thickness is found to 1320·1015 atm/cm2 ,
corresponding to approximately 175 nm if the thickness calibration based on XRR measurements
is used. The simulated spectrum is obtained using RUMP [62].

∼ 470 nm, and the individual layer thicknesses were controlled by the deposition time and the deposition-rate calibrations. The Cr2 Nx :Cu thickness ratio was
nominally 1:1. Films with modulation periods (Λ) ranging from 2.5 to 30 nm
were synthesized with the innermost layer being Cr2 Nx due to its better adhesion properties as compared with Cu. Prior to deposition, the magnetron targets
were sputter cleaned for 15 min under conditions similar to the ones used during
film growth. During film deposition, a temperature rise of about 5◦ C was observed. Post-deposition annealing treatments were performed in the deposition
chamber evacuated to a pressure better than 10−4 Pa.

7.3 Results
The chemical composition and thickness of the Cr2 Nx and Cu layers were investigated on monolithic films of Cr2 Nx and Cu, grown under conditions similar to
the ones of the multilayers, by means of RBS. In order to better determine the
N content, Cr2 Nx and Cu monolithic films deposited on graphite and Si (without
thick thermally grown oxide) substrates were also examined. An example of a
RBS spectrum from a Cr2 Nx monolithic film on Si is shown in Fig. 7.1. The
composition of the Cr2 Nx monolithic films was found to correspond to slightly
understoichiometric Cr2 N with x = 0.8 ± 0.1, independent of the deposition temperature. Monolithic Cu films deposited at room temperature in the reactive gas
atmosphere did not contain N as measured by RBS (detection limit ∼ 5 at.%).
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However, BBXRD patterns from these films (not shown) revealed an fcc Cu
phase with a two-percent enlarged lattice constant, which we ascribe to N occupying interstitial sites in the Cu lattice. At higher deposition temperatures, we
found no indications of N in the monolithic Cu films. Generally, the BBXRD
patterns did not exhibit any trace of copper nitride compounds formation. With
RBS, traces of oxygen could only occasionally be detected at the surface of the
deposited films, i.e. no RBS-detectable fraction of oxygen (detection limit about
5 at.%) was distributed throughout the films during deposition.

7.3.1 Cr2 Nx /Cu multilayers deposited at 25◦ C
Fig. 7.2 shows XRR spectra of Cr2 Nx /Cu multilayer samples deposited at 25◦ C
with various bilayer periods. Multilayer reflections are clearly visible, which indicates a well-defined periodicity along the growth direction and relatively sharp
interfaces. The relative peak intensities depend on the layer thickness ratio, and
since this is close to unity, every second peak (even order) is relatively weak. For
comparison, simulated curves are also shown in Fig. 7.2, and the structural parameters obtained from the fitting procedure are summarized in Table 7.1. Values
of the modulation period Λ, as measured by XRR, are in reasonable good agreement with the nominal modulation periods expected from the deposition rate
calibrations. The densities ρi of the Cr2 Nx and Cu layers are, except for the film
with Λ = 2.2 nm, close to the bulk values of Cr2 N (6.54 g/cm3 ) and Cu (8.93
g/cm3 ) [134]. The interfacial root-mean-square (rms) roughness values σi are
generally relatively high and seem to be larger for Cu than for Cr2 Nx .
BBXRD

TEM

XRR

Λ
(nm)

Λ
(nm)

Λ
(nm)

tCr2 N0.8
tCu

σCu
(nm)

σCr2 N0.8
(nm)

ρCu
(g/cm3 )

ρCr2 N0.8
(g/cm3 )

2.2 (1)
4.8 (1)
–
–
–
–

2.3 (1)
4.9 (2)
9.7 (5)
14.5 (7)
18.9 (9)
29.2 (14)

2.2 (1)
4.7 (1)
9.4 (2)
13.9 (3)
18.1 (5)
28.4 (8)

0.87 (6)
0.91 (6)
1.00 (5)
1.05 (5)
1.05 (5)
1.00 (5)

0.7
0.5
0.8
0.8
1.3
1.5

0.3
0.3
0.6
0.6
0.7
0.4

7.3
8.9
8.9
8.8
8.9
8.9

5.4
6.4
6.1
6.6
6.6
6.9

Table 7.1: Sample characteristics of Cr2 Nx /Cu multilayers deposited at 25◦ C obtained by
BBXRD, TEM and XRR: bilayer period (Λ), Cr2 Nx :Cu layer thickness ratio (tCr2 N0.8 /tCu ), interface rms roughness (σi ), and density (ρi ) of individual layers. The XRR parameters are obtained
from the XRR data fitted by the theoretical simulation using Leptos [78]. The numbers in the
parenthesis are the uncertainty of the last digit(s).

110 CHAPTER 7 - Characterization of nanostructured Cr2 Nx /Cu multilayers

Experimental

+1

Simulation

= 2.2 nm x 200

+2

Log Intensity (arb. units)

+1

+2

+1

+4
+2

+5

= 9.4 nm x 50

+3

+1

+5

+4
+2

= 4.7 nm x 100

+3

+2

+1

+3

+7

+6

= 13.9 nm x 34

+3
+4 +5

+3
+5

+6 +7

= 18.1 nm x 25

+7
= 28.4 nm x 17

1

2

3

4

2

5

6

7

8

(deg)

Figure 7.2: X-ray reflectivity (XRR) curves from Cr2 Nx /Cu multilayers deposited at 25◦ C with
different bilayer periods Λ. For legibility, the simulated spectra are shifted vertically with respect
to the corresponding experimental spectra. The simulation parameters are summarized in Table
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Figure 7.3: X-ray diffractograms (BBXRD) of Cr2 Nx /Cu multilayers deposited at 25◦ C with
different bilayer periods Λ. The intensity of the diffractogram from the film with Λ = 2.2 nm has
been scaled for legibility.
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X-ray diffractograms (BBXRD) of the Cr2 Nx /Cu multilayer films with various bilayer periods are presented in Fig. 7.3. For large bilayer periods two relatively broad peaks are seen. These peaks originate from the individual Cr2 Nx and
Cu layers, respectively. Similar peaks were observed in diffractograms obtained
from the corresponding monolithic films, which allowed us to associate the peak
located at 2θ = 45.1◦ (d = 2.01 Å) with the Cr2 Nx layers, and to identify the
peak located at 2θ = 50.3◦ (d = 1.81 Å) as the Cu(002) reflection. Note that the
peak position of Cu(002) changes with decreasing bilayer period, corresponding
to the out-of-plane lattice constant becoming slightly smaller and closer to the
bulk value. This can be explained either by less interstitial N in the Cu phase
with decreasing bilayer period, caused by N diffusing to the Cr2 Nx layers, or by
the Cu layers being relatively more tensile stressed with smaller bilayer period.
Based on TEM diffraction patterns from monolithic Cr2 Nx films, the peak originating from the Cr2 Nx layers could be identified as the (002) reflection from a
substoichiometric cubic CrN phase (rocksalt structure), hereafter denoted as fcc
CrN0.4 . The fact that only the (002) diffraction peak from each phase is seen
indicates that the individual layers are strongly textured along the growth direction. With decreasing bilayer period, the main peaks gradually disappear due to
broadening and a resulting pronounced overlap, and satellite peaks typical of a
multilayer structure appear (see section 4.2.1). The satellite peaks become visible when the structural coherence length along the growth direction becomes
larger than the bilayer period. From the distance between the individual satellite
peaks, the bilayer periods were extracted (Eq. (4.27)), and they agree well with
the ones found by XRR, see Table 7.1.
Fig. 7.4(a) shows a cross-sectional, bright-field TEM micrograph of a Cr2 Nx /
Cu multilayer film composed of 25 bilayers with nominal bilayer period of
Λ = 20 nm. The Cu layers appear in darker contrast, and the SiO2 substrate
layer is in the bottom of the image. The bilayer period, as obtained from the
micrograph, is Λ = 18.9 ± 0.9 nm, and the individual layer thicknesses are seen
to be approximately equal, which is in good agreement with the result obtained
from XRR (see Table 7.1). The multilayers exhibit a well-defined layered structure with relatively sharp interfaces, and no intermixing of the film-substrate
interface can be seen. A columnar structure is clearly visible, with some of the
columns extending throughout the entire film thickness. Generally, the grains in
the Cu layers are relatively large and often extend over the whole layer thickness.
The Cr2 Nx layers, on the contrary, primarily contain relatively small grains; the
grain size typically being less than half the layer thickness.
The TEM diffraction pattern (Fig. 7.4(b)) shows that the layers are strongly
textured along the growth direction, with the fcc Cu phase having the (002)
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Figure 7.4: (a) Cross-section, bright-field TEM image of a Cr2 Nx /Cu multilayer deposited at
25◦ C with nominal bilayer period Λ = 20. The growth direction is from bottom to top, and the Cu
layers generally appear in darker contrast. (b) The corresponding electron diffraction pattern. The
crystalline phases identified are fcc CrN0.4 and fcc Cu, with traces of hex Cr2 N0.8 . (c) Dark-field
TEM image of the region also displayed in image (a) obtained with the Cu(111) diffraction spot.

planes (measured lattice spacing dCu(002) = 1.81 Å) oriented parallel with the
film surface. The Cr2 Nx contribution to the diffraction pattern was mainly identified as consisting of a fcc CrN0.4 phase with lattice constant 4.03 ± 0.02 Å, also
having the (002) planes (dCrN0.4 (002) = 2.01 Å) oriented parallel with the surface.
That is, both the Cu and the fcc CrN0.4 layers exhibit a pronounced h001i texture,
in agreement with the BBXRD data shown previously (Fig. 7.3). The identification of the fcc CrN0.4 phase was greatly supported by plan-view TEM diffraction
patterns from monolithic Cr2 Nx films (which consisted of several concentric circles due to the polycrystalline structure without in-plane texture). Beside the fcc
CrN0.4 phase, the Cr2 Nx contribution to the multilayer diffraction pattern also
contained a few (faint) spots corresponding to the presence of a hexagonal Cr2 N
structure, hereafter denoted hex Cr2 N0.8 . The hex Cr2 N0.8 (002) basal planes
(dCr2 N0.8 (002) = 2.24 Å) were seen to be oriented parallel with the Cu(111) planes
(dCu(111) = 2.09 Å), with their normal forming an angle of about 55◦ with the
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Figure 7.5: (a) Surface rms roughness (AFM) vs nominal bilayer period Λ of multilayers deposited at 25◦ C and 400◦ C. The single point (triangle) corresponds to the rms roughness of a
multilayer film (Λ = 15 nm) deposited at 25◦ C and subsequently annealed for 1 h at 500◦ C. (b)
Surface rms roughness of multilayers with Λ = 15 nm vs deposition temperature.

growth direction3 . Finally, no indications of the presence of bcc Cr were found.
The previously mentioned columnar structure is further accentuated in the
dark-field image shown in Fig. 7.4(c), which is obtained using the Cu(111) diffraction spot. When dark-field images were formed by use of the Cu(002) or the
fcc CrN0.4 (002) spot, the entire Cu layers and the CrN0.4 (002) layers lit up, respectively (not shown). Hence the columns consist of grains with local in-plane
texture, e.g. in Fig. 7.4(c) the bright grains are Cu grains with the (002) parallel
to the surface and with the same in-plane orientation of the (111) planes. The
TEM results presented here are representative of the findings of all the multilayers deposited at 25◦ C, irrespective of the bilayer period.
The surface topography of the multilayers was investigated by means of
AFM. The rms surface roughness for the multilayers deposited at 25◦ C is plotted
as a function of the bilayer period in Fig. 7.5(a) (filled squares). The roughness is
in the range of 0.5–1.5 nm, and tends to increase with increasing bilayer period.
This is in good agreement with the findings by XRR.

7.3.2 Cr2 Nx /Cu multilayers deposited at various temperatures
A series of Cr2 Nx /Cu multilayer films with constant nominal bilayer period of
Λ = 15 nm were deposited at the temperatures 25, 200, 300 , 400◦ C, respectively.
Fig. 7.6(a) shows XRR scans obtained from these films. As also reported in the
previous section, several multilayer reflections are clearly present at Tdep = 25◦ C,
indicating a well-defined periodicity of the constituent layers along the growth
3 The

angle between Cu(002) and Cu(111) planes is 54.7◦ .
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Figure 7.6: (a) X-ray reflectivity curves (XRR) and (b) X-ray diffractograms (BBXRD) of
Cr2 Nx /Cu multilayers deposited at different temperatures. The nominal modulation period is
Λ = 15 nm.

direction, and relatively sharp interfaces. As revealed by the gradually disappearing multilayer reflections, an increase in the deposition temperature causes
the periodicity to be less well-defined, and, finally, at Tdep = 400◦ C a periodic
structure cannot be discerned at all. The disappearing multilayer reflections may
be due to increased surface roughness and/or increased interface roughness (i.e.,
degrading multilayer structure). The very broad “bump” evident in the 2θ -range
from 2 to 3◦ has not been explained.
The surface roughness of the films with constant bilayer period (Λ = 15 nm)
is shown as a function of the deposition temperature in Fig. 7.5(b). At deposition temperatures . 200◦ C the surface roughness is about 0.8 nm. When the
deposition temperature exceeds 200◦ C, the surface roughness is seen to increase
dramatically, reaching a value of approximately 20 nm at 400◦ C. This at least
partly accounts for the disappearing multilayer reflections with higher deposition
temperature (Fig. 7.6(a)).
Fig. 7.6(b) shows high-angle X-ray diffractograms (BBXRD) obtained from
multilayers (Λ = 15 nm) deposited at various deposition temperatures. As mentioned previously, diffractograms of films deposited at 25◦ C contain two broad
peaks identified as the Cu(002) and the fcc CrN0.4 (002) reflections, i.e. the layers
exhibit a pronounced h001i texture along the growth direction. With increasing
deposition temperature, the Cu(002) peak gradually becomes less significant,
and the CrN0.4 (002) peak disappears. Peaks characteristic of hex Cr2 N0.8 can
be identified at Tdep = 400◦ C, and now both the (111) and (002) reflections of
Cu are present. Hence, the film deposited at 400◦ C is less textured as compared
to lower deposition temperatures, and the hex Cr2 N0.8 phase appears instead of
the fcc CrN0.4 phase. Finally, the peak widths decrease with increasing deposi-
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50 nm

SiO2

Figure 7.7: Cross-section, bright-field TEM image of a Cr2 Nx /Cu “multilayer” deposited at
400◦ C with nominal bilayer period Λ = 15. The corresponding electron diffraction pattern is
shown in the insert. The crystalline phases identified are hex Cr2 N0.8 and fcc Cu.

tion temperature, indicating larger coherently diffracting domains (grain sizes)
and/or less defects.
Fig. 7.7 shows a cross-sectional, bright-field TEM micrograph of a Cr2 Nx /Cu
film deposited at 400◦ C with nominal bilayer period of 15 nm. As also indicated
by the X-ray measurements, the films grown at 400◦ C do not exhibit a welldefined layered structure; only traces of local layered growth can be found. That
is, the film grown at 400◦ C has a nanocomposite structure instead of a multilayer one. The typical grain size is estimated to about 10 nm, with some grains
exhibiting sizes of about 50 nm. The insert shows the corresponding diffraction
pattern, which verifies the conclusions based on BBXRD: the crystalline phases
appearing are identified as fcc Cu and hex Cr2 N0.8 , and, compared to the lowtemperature depositions, the film is less textured. Isolated, well-defined spots
are a consequence of diffraction from a few large grains. TEM investigations
of films deposited at 200 and 300◦ C with nominal bilayer period of 15 nm confirmed a gradual degradation of the multilayered structure with increasing deposition temperature. Also, the crystalline structure of the Cr2 Nx layers changes
gradually from fcc CrN0.4 (still dominating at 200◦ C) to hex Cr2 N0.8 .
A series of Cr2 Nx /Cu films were deposited at 400◦ C with nominal bilayer
periods in the range of 5–30 nm. The nanocomposite structure just described
above was common to all these films, independently of the nominal bilayer period. Nevertheless, increasing the nominal bilayer period caused an increase in
the rms surface roughness, see Fig. 7.5(a) (open circles), from 16 nm at the lowest bilayer period to 23 nm at the highest. The average grain size, as estimated
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Figure 7.8: (a) X-ray reflectivity curves (XRR) and (b) X-ray diffractograms (BBXRD) from
a Cr2 Nx /Cu multilayer film (Λ = 15 nm) as-deposited at 25◦ C, and after 1-h post-deposition
annealing at 400 and 500◦ C, respectively.

by BBXRD peak widths, also gradually increased from about 7 to 12 nm.

7.3.3 Annealing of Cr2 Nx /Cu multilayers
Cr2 Nx /Cu multilayer samples obtained by deposition at 25◦ C with nominal Λ =
15 nm were annealed at 400 and 500◦ C, respectively, in order to investigate their
thermal stability. Fig. 7.8(a) depicts XRR scans obtained from an as-deposited
film, and films annealed for 1 hour at 400 and 500◦ C, respectively. Based on
the presence of the multilayer peaks, the well-defined multilayered structure
seems to be retained upon annealing at 400◦ C, while annealing at 500◦ C is seen
to degrade the periodic structure (only two small multilayer peaks are visible).
The corresponding high-angle X-ray diffractograms (BBXRD) are presented in
Fig. 7.8(b). Only minor structural changes can be observed upon annealing at
400◦ C, where the position of the two peaks are seen to change somewhat. This
is probably related to stress relaxation of the individual layers. Annealing at
500◦ C, however, causes dramatic structural changes. A phase transition is seen
to take place: the fcc CrN0.4 phase transforms into hex Cr2 N0.8 . Furthermore,
from the peak widths, the average grain sizes increase from about 5 to 25 nm.
Both phases seem to be strongly textured since only one peak from each phase
is visible, Cr2 N0.8 (111) and Cu(002). Upon annealing, the rms surface roughness as measured by AFM was found to increase from about 0.8 to 2 nm, see
Fig. 7.5(a).
A dark-field TEM micrograph is presented in Fig. 7.9, showing a cross section of a sample deposited at 25◦ C with Λ = 15 nm and subsequently annealed
for 1 h at 500◦ C. The as-deposited multilayer structure has clearly degraded,
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Cu(002)
Cr2N0. 8(111)

SiO2

50 nm

Figure 7.9: Cross-section, dark-field TEM image of a Cr2 Nx /Cu multilayer film (Tdep = 25◦ C,
Λ = 15 nm) after a 1 h annealing at 500◦ C. The image is obtained with the Cu(002) diffraction
spot. The corresponding electron diffraction pattern is shown in the insert. The crystalline phases
identified are hex Cr2 N0.8 and fcc Cu.

and in large areas even the periodic structure has totally disappeared. Relatively
large grains have formed with typical out-of-plane grain sizes in the range of 20–
40 nm, in qualitatively good agreement with the BBXRD results. The electron
diffraction pattern obtained from the annealed film (insert) clearly reveals the
presence of two crystalline phases, Cu and hex Cr2 N0.8 . The sample is strongly
textured with Cu(002) and Cr2 N0.8 (111) preferentially oriented parallel to the
film surface.

7.3.4 Mechanical properties
Fig. 7.10 shows the hardness as a function of the bilayer period of the CrN0.4 /Cu
multilayer films deposited at 25◦ C (filled squares, lower abscissa). Also plotted
is the hardness of films deposited at 400◦ C (Cr2 N0.8 /Cu nanocomposites) as a
function of the average Cr2 N0.8 grain size (open triangles, upper abscissa) as estimated by BBXRD peak widths. The hardness of the CrN0.4 /Cu multilayer films
is found to be about 8 GPa, without any significant dependency on the bilayer
period. The hardness values obtained from the Cr2 N0.8 /Cu nanocomposites are
seen to be more uncertain, which is due to the relatively high surface roughness.
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Figure 7.10: Hardness of CrN0.4 /Cu multilayers vs bilayer period Λ (solid squares). The single
point (solid triangle) corresponds to the hardness of a multilayer film (Λ = 15 nm, Tdep = 25◦ C)
after annealing 1 h at 500◦ C. Also shown is the hardness vs grain size (open triangles, upper abscissa) of Cr2 N0.8 /Cu “multilayer” films deposited at 400◦ C resulting in a nanocomposite structure. The grain sizes are the average CrN0.4 grain sizes.

The measured hardness varies from about 6 to 9 GPa; smaller grain sizes seem
to increase the hardness slightly.
From the nanoindentations, Young’s modulus was also obtained. For all
as-deposited films – multilayers and nanocomposites – the elastic moduli were
220 ± 25 GPa, except for the multilayer with Λ = 2.5 nm, where the elastic
modulus was only 130 GPa. This lower modulus value reflects the increased
number of interfaces4 and the low density of the individual layers, see Table 7.1.
Fig. 7.10 also shows a single point (filled triangle) corresponding to the measured hardness of a multilayer film (Λ = 15 nm) deposited at 25◦ C and subsequently annealed for 1 h at 500◦ C. The hardness decreased from about 8 to
5 GPa upon annealing, where the layered structure was seen to degrade into
a nanocomposite structure accompanied by a phase transition from fcc CrN0.4
to hex Cr2 N0.8 . Correspondingly, the elastic modulus decreased from approximately 215 to 175 GPa.

4 Interfacial disorder and associated changes in interfacial lattice spacings are known to exhibit

changing elastic properties [117].
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7.4 Discussion
As found by BBXRD and TEM diffraction, the crystalline structure of the Cr2 Nx
layers in multilayers deposited at 25◦ C was mainly fcc CrN0.4 with a lattice parameter of approximately 4.03 Å. This lattice parameter is notably smaller than the
tabulated value of 4.14 Å for stoichiometric fcc CrN [134]. The small lattice parameter found for the fcc CrN0.4 phase can be attributed to the nonstoichiometry,
namely the pronounced deficiency in N atoms relative to stoichiometric CrN.
When deposited at temperatures below ∼ 400◦ C, the typical behavior of
chromium nitride coatings with a chemical composition near Cr2 N is often to
form either a disordered Cr-N phase (N dissolved in Cr) [136] or a mixture of
bcc Cr and fcc CrN [135]. However, reports on the formation of N-deficient fcc
CrN are also found [127, 137, 138]. Zhao et al. [137, 138] have studied the variation of the lattice parameter of the fcc CrN0.4 phase as a function of the nitrogen
flow during film deposition. They found lattice parameters of N-deficient fcc
CrN1−x as low as ∼ 3.8 Å. Also, Yashar et al. [127] reported on a nonequilibrium
fcc CrN0.6 structure, which they found to be epitaxially stabilized in CrN0.6 /TiN
multilayers, as long as the thickness of the CrN0.6 layers did not exceed a critical
thickness of about 50 nm. Note, that the fcc CrN0.4 phase seen in the present
study exists without epitaxial stabilization, since also monolithic films (50 nm)
deposited at 25◦ C were seen to form the fcc structure. However, we cannot exclude the existence of a critical thickness above which the fcc CrN0.4 transforms
into hex Cr2 N0.8 , since a 500-nm monolithic film appeared to contain a larger
amount of hex Cr2 N0.8 than thinner films.
The fact that no single hexagonal Cr2 N0.8 phase is formed when depositing
at temperatures below about 400◦ C is consistent with the phase diagram of the
Cr-N binary system as proposed by Seok et al [135]. However, the formation of
the thermodynamically unstable hexagonal Cr2 N phase below 400◦ C has been
reported when the deposition process was far from equilibrium, for example by
ion-assisted sputtering [128]. In the present study, the nonequilibrium fcc CrN0.4
phase formed at low substrate temperatures (with some hex Cr2 N0.8 also being
present), is probably a result of limited surface diffusion, resulting in the phase
being kinetically favorable [139]. At the relatively low substrate temperatures
there is not sufficient mobility in the system to promote phase separation into a
mixture of Cr and CrN, as predicted by the equilibrium phase diagram.
In the CrN0.4 /Cu multilayer films deposited at 25◦ C a well-defined periodic
structure is clearly present. Both crystalline phases have a strong h001i texture
along the growth direction. Furthermore, the grains are also seen to be crystallographically aligned in-plane forming a columnar structure in which the columns
extend across several bilayers. Pure, monolithic Cu films grown on Si most often
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exhibit a pronounced h111i texture, which is also seen under the present deposition conditions. However, Cu deposited onto a h001i textured fcc CrN0.4 layer
seems to adopt a cube-on-cube “local epitaxial” relationship. The interplanar
spacings along the growth direction are found from BBXRD to be approximately
dCu(002) = 1.81 Å and dCrN0.4 (002) = 2.01 Å. Assuming similar values of the interplanar spacings normal to the growth direction, the misfit between the two fcc
lattices is 10.5%. We suggest that the cube-on-cube “epitaxial” relationship is
due to the local formation of semicoherent interfaces between the isostructural
CrN0.4 and Cu layers. A similar cube-on-cube “epitaxial” relationship was seen
in nanoscaled TiN/Cu multilayer thin films [132, 140], with the misfit between
the two fcc lattices being considerably larger, about 17%. In the TiN/Cu multilayers, the large coherency strain was seen to be accommodated by interfacial
misfit dislocations.
TEM diffraction patterns also revealed the presence of a small amount of hex
Cr2 N0.8 in the multilayers deposited at 25◦ C (Fig. 7.4). The hex Cr2 N0.8 grains
are preferentially oriented with the Cr2 N0.8(002) basal planes lying parallel to the
fcc CrN0.4(111) (and Cu(111)) planes, inclined about 55◦ with respect to the film
surface. These grains are probably the result of local “epitaxially stabilized”
growth, since Cr2 N0.8 (002) and CrN0.4 (111) (both closed-packed planes) may
form a low-energy semicoherent interface – the misfit being only about 2.5%.
As revealed by the XRR data (Table 7.1) from multilayer films deposited at
25◦ C, the interfacial roughness of Cu layers is generally larger than for Cr2 Nx
layers. Furthermore, the surface roughness (Fig. 7.5(a)) and interface roughness
of the multilayer films are seen to increase with increasing Λ. Both observations
can be explained by roughening of the Cu layers due to the high surface mobility
of the Cu atoms. The roughness is also seen to increase when the deposition
temperature is increased (Fig. 7.5(b)), originating from the increased mobility
with higher substrate temperature. The Cu layers, in particular, tend to become
more rough at higher substrate temperatures (seen with monolithic films), since
three-dimensional island growth is promoted. This causes the overall multilayer
structure to degrade. At Tdep = 400◦ C the multilayered structure has disappeared
almost entirely (Fig. 7.7). Furthermore, reduction of interface and grain boundary area represents a driving force for the formation of a non-layered structure
with larger, equiaxed grains.
At Tdep = 400◦ C, the textured fcc CrN0.4 phase is seen to be entirely replaced
by the growth of less-textured hex Cr2 N0.8 (Fig. 7.6(b)), which is the thermodynamically stable phase at this chemical composition. Also, the Cu grains are
more randomly oriented – grains with (111) and (002) lattice planes parallel to
the surface are clearly discerned. The lack of texture may be a result of the non-
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layered growth, which causes the formation of a nanocomposite structure at high
temperatures.
The CrN0.4 /Cu multilayer films deposited at Tdep = 25◦ C are found to be
thermally stable during post-deposition annealing treatments up to about 400◦ C
(Fig. 7.8), i.e. the periodic structure and as-deposited crystalline phases are preserved. Annealing of the samples for 1 h at 500◦ C, however, causes major structural changes. The nonequilibrium fcc CrN0.4 phase transforms into the equilibrium hex Cr2 N0.8 , the phase transformation being accompanied by degradation of the periodic structure and grain coarsening (Fig. 7.9). The driving force
for this degradation must be the previously mentioned minimization of interface energy. Massive diffusion is required to accomplish the observed structural
changes, which explains the high threshold temperature above 400◦ C for sufficient atomic mobility. Contrary to the (nanocomposite) films deposited at 400◦ C,
the annealed multilayer samples are strongly textured; the Cu phase preserves the
(002) texture already present in the layered structure.
The hardness of the multilayered CrN0.4 /Cu films deposited at 25◦ C was
measured to about 8 GPa (Fig. 7.10), showing no significant dependence on the
modulation period in the range investigated (2.5–30 nm). This value is close to
the rule-of-mixture hardness about 9 GPa, obtained using typical hardness values
of CrN and Cu films, HCrN ' 18 GPa [128,141] and HCu ' 1 GPa (uncertain), respectively. An estimated rule-of-mixture hardness, based on measured hardness
values of the actual layers, cannot be calculated since the hardness of monolithic
films of N-deficient fcc CrN0.4 could not be reliably measured. (The structure of
thick monolithic CrN0.4 films, suitable for nanoindentation, appeared to deviate
from the structure seen in thinner films). In TiN/Cu [125] a similar absence of
an expected hardness enhancement due to the multilayer structure with different
shear modulus of the individual layers has also been observed. A possible explanation, which only partly accounts for the absent hardness enhancement, may
be the observed isostructural nature of the CrN0.4 and Cu layers, which makes
it easier for dislocations to move across the layer interfaces. However, an increased hardness approaching the hardness of the CrN0.4 layers can most likely
be obtained by reducing the thickness of the softer Cu layers.
The hardness of films deposited at 400◦ C, Cr2 N0.8 /Cu nanocomposites, were
found to vary from 6 to 9 GPa. The observed hardness variation is probably
the result of the slightly varying grain sizes, in accordance with the Hall-Petch
relationship. Note that similar hardness values are obtained in films with the
same overall chemical composition and comparable grain sizes, independent of
whether the film is a multilayer or a nanocomposite.
The reduced hardness from 8 to 5 GPa of the CrN0.4 /Cu multilayer film (Λ =
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15 nm) observed upon annealing can be explained by the partial transformation
from a layered structure with small grains (∼ 5 nm) into the nanocomposite
structure with larger grains (∼ 25 nm) – the grain size effect being the most
important. The phase transformation from fcc CrN0.4 to the usually harder hex
Cr2 N0.8 phase does not seem to be an important factor.

7.5 Summary and conclusions
Nanostructured Cr2 Nx /Cu multilayers (x ' 0.8) were grown by reactive magnetron sputtering with various bilayer periods (2.5–30 nm) and substrate temperatures (25–400◦ C). The Cr2 Nx /Cu multilayers deposited at 25◦ C exhibit a
well-defined periodic structure with relatively sharp interfaces. The crystalline
structure of the Cr2 Nx layers is found to be N-deficient fcc CrN0.4 with traces
of hexagonal Cr2 N0.8 . Both the CrN0.4 and the Cu phases show a pronounced
h001i texture along the growth direction, which, together with the columnar inplane alignment, points to a cube-on-cube semicoherent relationship between the
CrN0.4 and Cu layers. Hardness values of about 8 GPa were measured, showing
no dependence on the modulation period.
An increase in the deposition temperature causes the periodic multilayer
structure to degrade – at 400◦ C the lamellar structure has almost disappeared,
and the structure is better described as a nanocomposite. At a deposition temperature of 400◦ C, the chromium nitride entirely crystallizes into the equilibrium
hexagonal Cr2 N0.8 structure. The measured hardness values were found to vary
in the interval 6–9 GPa. Furthermore, the film surface roughness increases significantly with increasing deposition temperature, primarily due to roughening
of the Cu layers.
The CrN0.4 /Cu multilayer films deposited at 25◦ C are found to be thermally
stable during post-deposition annealing up to about 400◦ C. Higher annealing
temperatures (500◦ C) cause the fcc CrN0.4 phase to transform into hexagonal
Cr2 N0.8 accompanied by degradation of the multilayer structure and grain coarsening. Upon annealing the hardness was found to be reduced from 8 to 5 GPa.
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Summary

In order to tailor the nanostructure of magnetron-sputtered thin films for specific applications, knowledge of its dependence on the deposition parameters is
essential. This includes an understanding of the mechanisms that control the
formation and evolution of the nanostructure during film growth and during subsequent processing. Hence, characterization of the nanostructure formation and
evolution is essential in order to obtain such knowledge.
In this thesis, a number of experimental studies were presented, all having
structural characterization of DC magnetron-sputtered nanocrystalline thin films
in common. The work can be divided into two main topics, one being in-situ
and ex-situ studies of the structural evolution of nanocrystalline Au, Ag and Cu
thin films during growth and during subsequent annealing treatments, and the
other being characterization of the nanostructure, thermal stability and mechanical properties of Cr2 Nx /Cu-multilayer thin films. The main experimental techniques employed for the thin film characterization are X-ray diffraction and reflectivity, Rutherford backscattering spectrometry (RBS), and transmission electron microscopy (TEM). Additionally, in the case of multilayers, the mechanical
properties were investigated by means of nanoindentation. The main results of
the different studies are briefly summarized in the following.
An in-situ study of the development of the nanostructure of magnetronsputtered Au thin films was presented in chapter 5. Au was chosen as a nanocrystalline model material. The aim of the work was to investigate the mechanisms
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controlling the formation and temporal evolution of the nanostructure during the
non-epitaxial film growth and during subsequent annealing treatments. In-situ
X-ray characterization carried out by use of synchrotron radiation enabled realtime studies of the average grain size, microstrain, preferred grain orientation
(texture), and the lattice constant (stress). The nanocrystalline Au films exhibited a predominating h111i fiber texture typical of fcc metal films. During film
growth, however, the h111i texture developed with increasing films thickness
due to favored formation and growth of (111) grains at the expense of grains
with other crystallographic orientations. This was attributed to the (111) grains
minimizing the total interface energy. Grain growth observed during the roomtemperature deposition was associated with the dynamic growth process and was
not of thermal origin. Annealing the films at elevated temperatures caused the
size of the coherently diffracting domains (CDDs) to increase. Different mechanisms were found to control this process. The activation energy for the initial
rapid increase was found to be 0.25 eV, which may reflect annealing of lattice
defects. The subsequent slower growth of the CDDs was associated with grain
growth, with an activation energy of 0.99 eV. During post-deposition annealing,
several mechanism seemed to cause the h111i fiber texture to sharpen. Initially,
at a relatively high rate, the (111) grain orientation distribution was found to narrow due to grain rotations. An activation energy of 0.64 eV was found for this
process. Following grain rotations, grain growth and/or recrystallization caused
the h111i fiber texture to sharpen further.
The influence of the applied substrate bias voltage on the structural evolution
and thermal stability of nanocrystalline Cu, Ag and Au thin films was investigated in chapter 6. The films were deposited at room temperature at different
substrate bias voltages (in the range from −50 to −300 V). In-situ structural
characterization during and after film growth was carried out by means of synchrotron X-ray measurements, supplemented by various ex-situ investigations.
All films exhibited a pronounced h111i fiber texture and the as-deposited outof-plane grain sizes were in the range of 15–30 nm. Generally, exposing the
films to a more energetic ion bombardment during growth (increasing the bias
voltage) resulted in smaller as-deposited grain sizes, and the rate by which grain
growth and texture changes took place during post-deposition annealing significantly decreased. That is, the thermal stability of the nanostructure was found
to depend sensitively on the bias voltage. For example, room-temperature grain
growth were observed, especially in the Cu films, when the films were deposited
at low bias voltages (−50 V), while almost no structural changes were observed
after deposition at high bias voltages (−250 V). In the case of the Cu films, this
increased thermal stability was explained primarily by different defect concen-
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trations arising from film growth with different bias voltages; less defects formed
during deposition with a more energetic ion bombardment, which resulted in a
lower driving force for grain growth due to recrystallization. Although the defect
concentrations differed for various films, the activation energy for grain growth
in Cu (∼ 0.85 eV) apparently did not depend on the bias voltage. The activation
energy corresponds to the one of grain boundary self-diffusion. In the case of Ag
and Au films, the lack of defects may also contribute to the observed enhanced
thermal stability. In these cases, however, the lower rates of grain growth was
mainly ascribed to the formation of Ar bubbles, due to significant Ar incorporation at high bias voltages.
The final study presented in this thesis concerns the synthesis and characterization of nanostructured Cr2 Nx /Cu multilayers (x ' 0.8) deposited by reactive DC magnetron sputtering. The multilayers were grown with various bilayer
thicknesses (2.5–30 nm) and substrate temperatures (25–400◦ C). The aim of the
investigations was to establish whether it is possible to form nitride/metal multilayer coatings composed of alternating layers of hexagonal Cr2 N and Cu, which
may be a possible candidate for tribological applications. However, multilayers
containing layers with hexagonal Cr2 N structure was not formed. The Cr2 Nx /Cu
multilayers deposited at 25◦ C exhibited a well-defined periodic structure with
sharp interfaces. The crystalline structure of the Cr2 Nx layers was found to be Ndeficient fcc CrN0.4 with traces only of hexagonal Cr2 N0.8 . Both the CrN0.4 and
the Cu phases showed a pronounced h001i texture along the growth direction,
which, together with a columnar in-plane alignment, points to a cube-on-cube
semicoherent relationship between the CrN0.4 and Cu layers. Hardness values
of about 8 GPa were measured, showing no dependence on the modulation period. This value corresponds to the rule-of-mixture value, and thus no multilayer
hardness enhancement was found. Increasing the deposition temperature caused
the periodic lamellar structure to gradually degrade, and at 400◦ C the structure
was better described as a nanocomposite. At a deposition temperature of 400◦ C,
the chromium nitride crystallized into the equilibrium hexagonal Cr2 N0.8 structure. Hardness values of these “nanocomposites” were found to vary in the interval 6–9 GPa. The CrN0.4 /Cu multilayer films deposited at 25◦ C were found to
be thermally stable upon post-deposition annealing up to about 400◦ C. Higher
annealing temperatures (500◦ C) caused the fcc CrN0.4 phase to transform into
hexagonal Cr2 N0.8 , accompanied by degradation of the multilayer structure.
Part of the work presented in this thesis clearly shows that in-situ real-time
X-ray and reflection measurements using synchrotron radiation is a very powerful tool for studying the growth and structural evolution of thin films deposited
by magnetron sputtering. Such investigations reveal some of the mechanisms,

126

CHAPTER 8 - Summary

for example grain rotations and recrystallization, which control the evolution of
the nanostructure. In recent years, the atomic-scale understanding of microstructural evolution, necessary for controlled manipulation of thin film properties, has
been growing rapidly (see for example Ref. [35]). However, accurate quantitative
descriptions and modeling of the processes in play during the various stages of
film growth and during post-deposition processing have not yet been developed.
In this respect, in-situ studies of film-growth dynamics and structural changes
taking place after deposition are essential in order to verify theoretical model
predictions and to further feed the model development.
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